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The goal of this research was to gain a systematic understanding of the major factors that 
control the mechanical behavior and the final microstructure of a linepipe steel after High 
Temperature Processing and Controlled Cooling processing. Based on this in-depth knowledge, 
an innovative hot deformation process for optimized microstructure, strength and impact 
toughness using less alloying content was developed. 
The novel deformation approach Intensive Recrystallization-Controlled Rolling (IRCR) 
was compared to the Conventional Controlled Rolling (CCR). CCR comprised thickness 
reductions of 75% above the temperature of no-recrystallization (Tnr) and 67% below the Tnr, 
whereas IRCR utilized 85% reduction above Tnr and 46% below Tnr. These deformation 
approaches were applied to two alloys with contrasting Nb contents. The low finishing 
deformation of IRCR allowed for the reduction of deformation passes, reducing the number of 
deformation-stands and processing time. To achieve a fine microstructure with IRCR, recovery 
was limited by finishing in two passes at lower temperature and accelerated cooling was applied 
immediately after. 
Low-Nb steel showed unexpected resistance to grain coarsening. Complex epitaxial 
precipitate morphology and composition accompanied retarded precipitate dissolution. 
Transition from recrystallization to no-recrystallization was controlled by strained induced 
precipitation. IRCR, preserved more deformation after finishing deformation, despite the lower 
thickness reduction used. The final precipitation was affected by every step of the process.  
Intensive Recrystallization-Controlled Rolling of High-Temperature-Processing Steel 
with Low Niobium Content 
Gregorio Solis Bravo, PhD 
University of Pittsburgh, 2020
 
 v 
Results prompted for adjusting models of precipitation and dissolution of complex 
precipitates; mean-flow stress; and temperature of no-recrystallization. Optimization of grain size 
control from a new precipitate-dissolution perspective was enabled. The developed Low-Nb alloy 
kept good austenitic grain size control during austenitization to 1200°C. Combined with the novel 
deformation process, the studied alloy reduced microstructural and property variability, while 
improving productivity in thick products (19mm thick). This process reduced alloying additions 
and required less time for product processing. The science and engineering involved are presented 
and discussed  in  this  document. 
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Preface 
Steel has been called the backbone of our civilization. Our most elemental infrastructure 
is either made of steel or made with steel tools. The human-steel technological relationship is 
linked to iron’s abundance on earth’s crust, but even more to its many functional properties. 
Human ingenuity produces ever-growing technological applications that demand for new, 
improved properties of steel. Scientists and metallurgic engineers keep working to deliver steel 
suitable for a wide range of technological demands. 
High Strength Low Alloy (HSLA) steel is a very important family of modern steels. HSLA 
steel range of strength, elongation, impact energy and weldability combined with massive 
production and low costs have revolutionized all areas of industry. HSLA steel was born from 
technological changes and a new understanding of metallurgy pushed by advances like electron 
microscopy. The introduction of electron microscopy in the 1930’s, and its development in the 
1950’s boosted up a defect-based race for mechanical properties, especially in metallic alloys. 
No longer the alloy properties would depend on their chemical composition and phases only. 
The development of the dislocation theory provided a better understanding of the link between 
defects and alloy behavior such as deformation strengthening, recovery, induced precipitation 
and even explain the exceptional hardness of phases like martensite. HSLA steels are a product 
of this physical metallurgical revolution driven by society’s most demanding needs, and made 
possible by technologies like electron microscopy, electric arc furnaces and controlled thermo-
mechanical processing. 
The increasing demand for strength and toughness of HSLA steels has become a challenge 
for some plants. These plants have valuable remaining functional life but achieving the new 
 xviii 
product challenges and bearing the new mechanical loads requires excellent process design and 
ingenuous physical metallurgy. Fabrication of thick products have special difficulties through 
conventional HTP. Thick products imply little deformation at the final stages, this compromises 
the homogeneity of properties through thickness. Another drawback of conventional HTP is the 
loss of productivity due to dead time at the transfer bar. New thermo-mechanical approaches are 
required, that allow for enhanced mechanical properties and increased productivity. 
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1.0  Introduction 
The goal of this research was to gain a fundamental understanding of the major factors 
that control the mechanical behavior and the final microstructure of a linepipe steel after High 
Temperature Processing and Controlled Cooling. Based on this in-depth knowledge, an innovative 
hot deformation process for optimized microstructure, strength and impact toughness using less 
alloying content was developed.   
The approach includes thorough studies of austenite grain coarsening, dissolution of 
precipitates during reheating, recrystallization, precipitation, deformation and transformation that 
occur during HTP. Experiments included reheating, hot compression and hot torsion with different 
deformation schedules and controlled cooling. The studies compared three alloys with different 
Nb content.  Nb contents around 0.1wt% have traditionally been considered crucial for the HTP 
process.  The present work hypothesizes that similar mechanical properties and microstructural 
control can be achieved with half as much Nb, without the need to adjust other alloying elements. 
The hypothesis includes the test of an innovative deformation approach for producing a high 
strength-high toughness microstructure from a low Nb linepipe steel. 
Objectives: 
1. Optimize precipitate formation and microstructure for strength and toughness higher than 
similar commercial alloys with special focus on thick products (19mm). 
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2. Develop a new, effective and robust high temperature process for thick linepipe steel 
through Intensive Recrystallization-controlled Rolling. 
3. Reduce alloy content costs while effectively achieving microstructural optimization. 
 3 
2.0  Background 
HSLA steel is result of a multidisciplinary technological advancement. Steel has evolved 
dramatically and developed into many families. One of the most important modern families of 
steel is the HSLA steel. The work that was undertaken in this study required an in-depth 
understanding of alloy design-processing-mechanical properties relationship. The fundamental 
understanding of grain size control, thermomechanical processing, precipitation reactions, 
transformation products, strengthening mechanisms, and the structural factors that control 
toughness was not only important, it was indispensable to achieve the goals of this thesis.  
2.1 Strengthening Mechanisms 
The dislocation theory was proposed in the early 1930’s independently[1] by E. 
Orowan[2], G.I. Taylor[3] and M. Polanyi[4]. The idea was born as a proposed explanation to the 
differences between measured and calculated (shear-caused slip deformation) strengths. At the 
beginning the idea was controversial, but after transmission electron microscopy (TEM) 
observations of dislocations, the theory became irrefutably accepted. Different strengthening 
mechanisms were later explained making use of dislocation theory. 
Following dislocation theory, all strengthening mechanisms in metals can be explained due 
to their ability to stop or prevent dislocation motion. Dislocation motion through climb or glide, is 
well recognized as the phenomena that allows plastic deformation. Hence, any means that difficult 
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or inhibit dislocation motion retard the onset of plastic deformation or yielding, in other words, 
strengthen the alloy. 
The first natural force that prevents dislocation motion was first described by Peierls, and 
its equation was corrected by Nabarro[5, 6]. The Peierls-Nabarro stress, σPN, is the necessary stress 
to move a dislocation[7]. 
𝝈𝑷𝑵 =
𝟐𝝁
𝟏−𝝂
𝒆𝒙𝒑 (𝟏 −
𝟒𝝅𝒉
𝟐𝒃(𝟏−𝝂)
)    (2-1) 
Where μ is the material’s shear modulus, ν is Poisson’s ratio, b is the unit slip distance, and h is 
the distance between glide planes. Once this stress has been surpassed, a dislocation can start 
motion. Any obstacles on the dislocation path strengthen the alloy. Such obstacles may be lattice 
distortions due to alloying elements in solid solution, type of grain boundaries, the type and size 
of precipitates and even other dislocations. The different types of obstacles provide the 
understanding of the different strengthening mechanisms, as were discussed in the next sections. 
2.1.1 Solid Solution Strengthening 
The presence of solutes in iron lattice produce distortions that can hinder dislocation 
motion. Solute atoms are never the same size as the matrix atoms, this size difference is directly 
proportional to the resulting distortion in the lattice due to their presence. The difference in size is 
also responsible for the solute atoms’ locations in the solid solution lattice. A classic rule of thumb 
is that solute atoms which diameter is less than 0.85 times the diameter of the base element atom 
will take interstitial locations. Whereas solute atoms which diameter is at least 0.85 times the 
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diameter of the base element atom will locate as substitutional. Either interstitial or substitutional, 
solute atoms produce local distortions.  
Interstitial atoms are usually bigger than the interstitial space that they occupy, this 
translates on local compression of the lattice to make room for the interstitial atom. The local 
compression around an “oversized” interstitial atom comes associated to a stress as it would be 
expected from Hooke’s law. On the other hand, substitutional atoms are either smaller or bigger 
than the base element atomic size. To yield the extra space necessary for an oversized atom, or to 
make use of the extra space yield by a smaller substitutional atom, compression or tension fields 
are generated around them. In summary, every solute element present in solid solution produces 
stress fields near their location in the lattice. 
It is well-known that dislocations find it difficult to migrate through a distorted lattice. 
Stress fields hurdle the path of a dislocation by interacting with the dislocations own stress field. 
Edge dislocation’s stress fields are both compressive and tensile, one on each side of the slip plane. 
Edge dislocations also have a very localized shear component at the slip plane. Similarly, screw 
dislocations have associated shear stresses due to their helicoidal nature. In steels, the distortions 
caused by substitutional atoms, produce hydrostatic distortions that interact with edge and mixed 
dislocations only. On the other hand, interstitial elements like C and N have shear and hydrostatic 
components, allowing them to interact with both screw and edge dislocations[8].  
Interstitial elements interaction with dislocations is strong enough to make these atoms 
migrate towards dislocations creating atmospheres that may lock dislocations in place. The 
phenomenon was elegantly described by Cottrell and Bilby[9]. An equation was proposed by 
Cottrell and Bilby for the force necessary to unlock a dislocation from this type of atmosphere, σ0. 
 6 
𝝈𝟎 =
𝟑√𝟑𝑨
𝟒𝝀𝟐𝝆𝟐
       (2-2) 
Where A is a constant dependent on each base alloy, λ is the interplanar spacing and ρ is the 
distance from the dislocation line to the interstitial atoms line. When this force is surpassed, 
dislocations free from their atmospheres, dropping the yield stress value instantly. This explains 
the yield point phenomenon. 
 
 
2.1.2 Precipitation or Secondary Phase Strengthening 
Another way to hinder dislocation motion and strengthen an alloy is by interactions with 
secondary phase particles. Secondary phase particles, e.g. precipitates, represent low energy 
positions for a dislocation. Hence, when a moving dislocation finds disperse precipitates, voids, or 
inclusions, the strong interaction difficult their motion. To keep moving, a dislocation that has 
found dispersed particles must either cut through them or loop around them[1, 10]. When these 
particles are harder than the matrix, cutting through them is not possible, hence, looping around 
them or cross-slip are the only alternatives[1]. The looping phenomenon was well modelled by 
Orowan[10]. The dislocation line bends, as parts of it keep moving, while other parts are pinned 
by the particles. Once the particles are surpassed, the dislocation line re-builds and straightens. 
This phenomenon causes a yield stress increase. An equation for this yield stress increment due to 
particles was proposed by Orowan[10]: 
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∆𝝉𝒚 =
𝑮𝒃
𝑳
        (2-3) 
Where ∆𝝉𝒚 is the yield strength increase due to particles, 𝐺, is the shear modulus of the base metal, 
b is the Burgers vector associated to the dislocation and L the interparticle spacing. From Equation 
2-3, it can be seen how important the interparticle spacing is for the strengthening through this 
mechanism. Later, Ashby would incorporate the effects of statistically distributed interparticle 
spacing and particle size, when written in terms of tensile stress gives the following equation[8, 
10]: 
∆𝝈𝒚 = (
𝟎.𝟓𝟑𝟖𝑮𝒃𝒇𝟏/𝟐
𝑿
) 𝒍𝒏 (
𝑿
𝟐𝒃
)      (2-4) 
Where, ∆𝜎𝑦 , represents the increase in yield strength,  𝑓, the volume fraction of precipitates and, 
𝑋, the average diameter of the particles. In summary, the strengthening is proportional to the square 
root of the volume fraction of precipitates and increases at smaller interparticle spacing.  
Precipitates coherency to the matrix and shape are important factors affecting pinning. 
Cubic precipitates have been observed to be more effective at pinning grain boundaries, when 
compared to round ones[11]. Coherency of a precipitate affects both the exerted force on a 
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boundary and the growth rate of the precipitate itself[12]. Coherent particles are more effective 
than incoherent particles at pinning grain boundaries[13]. 
2.1.3 Grain Boundary Strengthening 
An inexpensive strengthening mechanism that does not require alloying, relies on the 
interaction of dislocations with grain boundaries. Grain boundaries (GB) are disarrayed regions 
that act as potential barriers almost impossible to pass for a moving dislocation. When dislocations 
reach a GB they pile up until the stress concentration reaches the yield level[14] when dislocations 
can move from one grain to the other[15]. Dislocations can also use grain boundaries as nucleation 
sites. Hence for grain boundary strengthening a high density of grain boundaries is better, which 
translates onto small grain size. The GB’s effect of increasing yield stress must be then attributed 
to small grain size. This strengthening mechanism was well described in the equation by Hall[14] 
and Petch[16] which stands not only for steel, but for many non-ferrous alloys: 
𝝈𝒚 = 𝝈𝟎 + 𝒌𝒚𝒅
−𝟏/𝟐      (2-5) 
Where 𝜎𝑦 stands for yield strength, 𝜎0, is a constant of the base material, called friction stress, 
equivalent to the yield stress of a single crystal of the matrix metal; 𝑘𝑦, stands for the slope of the 
GB-strengthening effect and, 𝑑, is the average grain size. The well-accepted Hall-Petch equation 
clearly shows how finer grains increase strength. 
A further look at the Hall-Petch equation help distinguish the temperature dependence of 
this phenomenon. 𝜎0, the theoretical strength of the alloy reduces as temperature increases. On the 
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other hand, the slope 𝑘𝑦, despite not being constant, has been proven insensitive to 
temperature[17]. In general, the yield stress may be regarded as temperature sensitive, however 
the tendency to increase yield stress by finer structure remains true at all solid temperatures. 
The same strengthening mechanism may be associated with other interfaces like, sub-boundaries, 
laths or interlamellar interfaces. In other words, besides having small grains for strength, it also 
helps having a fine pearlitic interlamellar space, fine bainite laths and plenty of sub-boundaries. 
The tendency to strengthening as the grain size decreases have its limits. It has been 
observed that at nanometric grain sizes (i.e. <10nm) smaller grains reduce strength. This is called 
reversed Hall-Petch effect and has been attributed to deformation through sliding and grain 
boundary rotation[18]. However, reaching this level of grain refinement is not a concern in the 
production of HSLA steels where the smaller grains are still in the order of microns, so the 
researcher can trust that grain refinement will always improve the mechanical properties. 
The type of grain boundaries is also a very important factor to consider in grain boundary 
strengthening since not all boundaries interact the same with dislocations. It has been proposed 
that the dislocation-GB interactions depend on misorientation, free volume and energy of the 
boundaries[19, 20].  It is generally accepted that the energy of a GB increases with misorientation 
up to about 15°, after which the energy is virtually constant.  Hence, a classic distinction of type 
of boundaries is based on this. Low-Angle Grain Boundaries (LAGB), typically below 15° of 
misorientation, and High-Angle Grain Boundaries (HAGB) with misorientation greater than 15°.  
Research have suggested a critical misorientation angle below which the LAGB resistance 
increases with misorientation, and above which the resistance of a LAGB equals that of a HAGB 
[15, 21]. Another interesting type of GB is Coincident Site Lattice (CSL) boundaries.  CSL 
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boundaries have in a degree a periodic order that derives in a dramatically lower interfacial energy. 
This order can in very special cases facilitate dislocation slip through the boundary[22]. 
2.1.4 Dislocation Strengthening  
Strain hardening is a common approach to describe this hardening, however dislocation 
strengthening can also be due to any other transformation that introduces dislocations, such as 
martensitic transformation. Dislocation motion is necessary for plastic deformation to occur but 
having more dislocations do not facilitate yielding. At first sight, one could expect that massive 
dislocation motion would allow for easier plastic deformation. In reality, dislocations interact with 
each other dificulting slip and even stopping each other, these interactions are the cause for 
dislocation strengthening. Dislocations that encounter each other may combine, annihilate or 
entangle. Opposite dislocations attract each other while alike dislocations reject, due to their stress 
fields[3]. These attraction forces may bring two dislocations together. If two opposite dislocations 
travel in different slip planes, they will come as close as possible. Annihilation occurs when two 
opposite dislocations meet while traveling on the same slip plane. If two dislocations that are not 
opposite to each other meet, they will either combine into a mixed dislocation or entangle. If the 
dislocation density is high, entanglement is highly frequent and strengthening occurs.  The well-
known strain hardening phenomenon may be regarded as a way of dislocation strengthening. 
During deformation the dislocation density increases, this reduces the spacing between 
dislocations so the resistance to shear in the material increases[3].  
Dislocation strengthening occurs whenever dislocation density is increased. Dislocation 
density can be heavily increased during cooling transformations. Transformations occurring at 
 11 
lower temperatures are generally associated with higher dislocation content. Using this type of 
transformations may enhance strength. 
2.2 Toughness Control 
The concept of toughness was developed after the second world war while studying brittle 
fracture at welded joints in the called “liberty ships”[23]. An understanding of fracture mechanics 
was developed based on mathematical modeling of crack nucleation and growth. Early research 
works highlighted the importance of factors like cleanliness, homogeneity, load conditions and 
temperature [5, 24-28]. Later works would relate factors like grain size, precipitation, phase 
balance, microstructure morphology, grain boundaries and even texture to a common property, 
toughness. 
The ability of a material to absorb energy before fracture is toughness. The energy is 
usually absorbed by means of plastic deformation and the release of heat. Consequently, a material 
capable of plastic deformation will show a better toughness than a more rigid material. The former 
example of material is called ductile, while the latter is called brittle. One can also call ductile 
fracture to that fracture where plastic deformation has taken place, and brittle fracture to fractures 
with little or no plastic deformation. In other words, a ductile material has good toughness, while 
a brittle material has poor toughness. However, fracture may occur under a variety of 
circumstances, which makes toughness a property that may be expressed and measured in different 
ways. 
Fracture toughness is a measurement of the energy required to produce a unit area of 
fracture under concentrated stress due to the presence of a crack at a steady or very slowly applied 
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load. This can be plastic-elastic fracture toughness, conventionally denoted by J1C, or plane strain 
fracture toughness K1C. Fracture toughness is the critical stress intensity factor of a material. That 
is, the minimum stress intensity factor necessary to undergo fast fracture propagation. Fracture 
toughness definition implies the occurrence of fracture at very special conditions, that is, under a 
slowly growing load in the presence of a pre-existing crack. But this is not the only way materials 
fracture. 
Toughness can be quantified through different mechanical tests and loading paths that lead 
to fracture under very different mechanical conditions. Toughness simplest observation comes 
from the tensile test. In a tensile test, the area underneath the stress-strain curve is a proportional 
quantification of the energy required for fracture. High toughness, for instance, would produce a 
large area under the stress-strain curve. This is a good observation of toughness under slow strain 
rate. However, fracture can occur under circumstances way different than a slow steady 
unidirectional overload. Impact, fatigue and thermal shock are other causes of fracture, impact 
being one of the most susceptible to cause unexpected fast fracture failures. 
Impact toughness can be measured through a few different tests. Good examples are the 
Charpy V notch impact test, the Izod impact test and the Dropped-Weight Tear Test (DWTT). 
What these tests have in common is the proper conditions to take to the limit a materials ability to 
withstand impact.  
It is well known that materials ductility is favored by slow deformation and high 
temperature. Slow loading rate gives time for the plastic deformation mechanisms to occur. High 
temperatures can activate slip systems that may facilitate plasticity. Furthermore, structural 
cleanliness and smooth homogeneous surface favor toughness. Microstructural and geometrical 
homogeneity provides a smooth distribution of stress, while also limits the potential crack 
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nucleation sites. All these factors facilitate ductility, that is why, when testing impact toughness, 
they must be minimized so the property can be measured at the most critical conditions. This way, 
impact toughness is measured while concentrating stress at a notch root, under very fast load rates 
and usually at very cold temperatures.  
Charpy V-notch (CVN) test is a standardized impact toughness test, performed at 
decreasing temperatures. Specimens (55mmX10mmX10mm) are sampled from many directions 
of the product, especially transverse to rolling direction. A “V” shaped notch is machined in the 
thickness direction for stress concentration. The specimen is hit by a pendulum right behind the 
notch and the energy absorbed is registered. From the fractured specimen, the percent of ductile 
fracture area is measured. Plotting absorbed energy against test temperature provides information 
about ductile to brittle transition temperature when present. 
Another very common impact toughness test in HSLA steels is the Dropped-weight Tear 
Test (DWTT). A notch is fabricated at one edge of the specimen through thickness. Impact is done 
in a three-point bending fashion at decreasing temperatures. The most important measurement 
from this test is the percentage of shear fracture area at the different temperatures, which results in 
a ductile to brittle transition plot. A particularity of this test is that specimens have the entire 
thickness of the product. This ensures that the homogeneity of the product is tested, and the results 
are easily relatable to working conditions 
2.2.1 Fracture Mechanics Overview 
Fracture can occur in three conventional well-known modes: Mode I is crack opening. This 
fracture mode occurs when the applied stress is perpendicular to the crack direction. The applied 
stress obliges the crack to open in the stress filed direction, and to grow in the perpendicular 
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direction to the stress. Mode II of fracture is slip. Slip fracture occurs when the applied stress is 
shearing in the same plane of the crack. This forces the crack to grow parallel to the stress field. 
Mode III of fracture is tearing. Tearing occurs as result of a shear stress applied in a direction 
normal to the plate where it is applied and at the same plane of a crack. Combined modes of fracture 
are common, due to the imperfect orientation of cracks and stresses. 
Crack orientation with respect to stress field matters. It is important to notice that when a 
normal stress is applied, the most critical orientation for a crack is perpendicular to the stress. That 
is, in opening mode.  If a normal stress is applied to a crack oriented parallel to the stress field, the 
crack is virtually insensitive to this stress. Conversely, when a shear stress is applied perpendicular 
to a pre-existing crack, this crack is virtually insensitive to this stress. These are very important 
observations, for they mean that one should be able to stop a crack if one can manage to divert 
their growth direction. 
2.2.2 The Effective Grain Size and its Effect on Toughness 
Small grain size favors toughness, this was shown by Cottrell and Petch in their well-
known equation[29] and is widely accepted in the literature[30-34], however conventional grain 
size should not be directly linked to toughness that way. Not all types of boundaries are good at 
stopping cracks. Hence, it may be misleading to directly relate grain size to toughness, one must 
use the concept of effective grain size. 
The effective grain size is a commonly used parameter that distinguishes a structure 
refinement, regarding its HAGB. The measured effective grain size can be directly related to 
toughness because it limits the straight propagation of cracks. As explained in previous section, 
there are critical plane orientations of the cracks that favor their propagation according to their 
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load mode. Limiting the growth of the cracks within this critical plane is crucial for toughness 
control. This straight trajectory, also called Unit Crack Path (UCP) depends, naturally, on how 
close the crack-stopping features are in the microstructure. The UCP is equivalent to the Cleavage 
Facet Size (CFS) when transgranular cleavage fracture occurs[32]. The effective grain size can be 
determined from the interspacing of features that limit the size of the UCP or the CFS[32]. 
Grain boundaries are excellent crack stoppers, so having abundance of them is the right 
strategy when toughness is a concern. Having more boundaries in a given volume can only mean 
one thing, small grain size. Grain boundaries deviate a crack’s direction of growth, very likely 
turning them onto a direction where stress is not critical for any fracture mode to occur. This 
means, by deviating crack growth, grain boundaries act as crack stoppers. However, not all 
boundaries are equally good at arresting crack propagation. According to Pickering[35], High-
angle Grain Boundaries (HAGB) are the best crack stoppers among grain boundaries. Conversely, 
some boundaries are highways for cracks, especially some that have big incoherent particles, or 
segregation happening at them. Coherence, misorientation and energy of the boundaries also 
determines how they react to cracking. 
The importance of a small effective grain size lies in that it limits the stress concentration 
at the tip of a crack. Concentration of stress at the tip of a crack is considered proportional to the 
length of that crack[7]. A small effective grain size combines two phenomenon that provide 
toughness: the limitation of stress concentration at the crack tips (i.e. due to shortening of the crack 
length), and the change of direction of crack propagation. 
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2.2.3 Acicular Ferrite, a Tough Microstructural Component 
Acicular ferrite (AF) is a desirable microstructural component when toughness is a main 
concern. Its characteristic fine structure and randomly-oriented crystallites deflect cracks and 
difficult crack propagation[36-38]. AF toughness advantages are numerous, justifying it as our 
microstructure of choice in the present project. 
Research has compared the same alloy with different microstructures, ferrite-pearlite (F-
P), ferrite-bainite (F-B), and AF. It has been shown that AF is superior in strength and 
toughness[39]. In Figure 2.1 CVN results are plotted for steel 1 (F-P), steel 2 (F-B) and Steel 3 
(AF) showing a higher absorbed energy for the AF microstructure. As can be appreciated in Figure 
2.2, where the three microstructures are next to their correspondent fractography, there is a finer 
CFS for the AF microstructure. The finer CFS of AF denotes the higher toughness of the 
microstructure. 
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Figure 2.1 Comparison of CVN impact test of the three microstructures of the alloy by Byun et al[39]. 
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Figure 2.2 Same alloy showing different microstructures and their correspondent fractographies. a) F-
P, b) F-B, c) AF. Cleavage facet size is evident for d) F-P, e) F-B and e) AF [39]. 
 
a) 
b) 
c) 
d) 
e) 
f) 
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AF is characterized for having a small effective grain size and high strength[40-42]. The 
small effective grain size may come from the set of ferrite plates with misorientations below 15 
degrees[43]. This refinement may be obtained by applying accelerated cooling on a deformed or 
particle-containing austenite with numerous nucleation sites. AF characteristically has numerous 
HAGB due to its randomly oriented crystallography. This characteristic is crucial for crack arrest, 
as it was explained in section 2.1.3.  The size of AF has a high dislocation density, as compared to 
polygonal ferrite (PF) [44], this high dislocation density is responsible for the characteristic 
strength of this phase. Due to all the mentioned characteristics, acicular ferrite is the 
microstructural component to aim for when producing a HSLA steel with high strength and high 
toughness. 
2.2.4 Other Microstructural Factors Affecting Toughness 
Secondary phases with mechanical properties considerable different than the matrix can 
significantly affect toughness. If the particle/matrix interface is incoherent, it is easy for these 
particles to be crack initiators. Size of the second phase is a critical parameter for determining their 
effect on toughness. Hence, big incoherent carbides or inclusions are regarded as crack initiators. 
Carbon-rich constituents, such as martensite-austenite (MA), are well known to be 
detrimental for toughness when their volume fraction and size are big. Research has shown that 
MA acts as crack nucleator at the MA/matrix interface. An aspect that makes MA particularly 
dangerous is that it forms at grain boundaries. During deformation, dislocation pile-ups occur at 
grain boundaries, concentrating stress at MA islands[45]. This makes slender MA islands are more 
effective crack nucleators than equiaxed MA[32]. Volume fraction of MA remains the most 
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important parameter, especially affecting Ductile-to-Brittle Transition Temperature (DBTT) of 
impact tests [32]. 
Texture positive and negative effects on toughness have been reported. Texture can be 
responsible, for instance, of aligning cleavage planes with a crack plane, or promote preferential 
slip planes for deformation[46]. A study of X80 LP steel claims that the {112}〈110〉 component 
is responsible for ductile fracture anisotropy. Whereas {001}〈110〉 and {110}〈001〉 orientations 
are accounted for low temperature cleavage[47, 48]. In another study of a high strength steel, 
component {311}〈011〉 is accounted for poor impact toughness at 45° and component {332}〈113〉 
is correlated to strength and toughness improvements[49]. 
 
2.3 High Strength-Low Alloy (HSLA) Steels 
HSLA steels are a type of microalloyed steels produced by controlled rolling and designed 
for low cost, better mechanical properties and corrosion resistance than plain carbon steels[50]. 
Their design was a result of pursuing higher strength, toughness and ductility, while keeping good 
weldability.  The C content in HSLA steel usually does not exceed 0.26wt%. Mn is always lower 
than 2wt% and S below 0.04wt%.  
HSLA steels make use of all strengthening mechanisms to achieve strength. Solid solution 
strengthening by C, N, Mn, Si and other elements. Grain boundary strengthening by refining the 
microstructure homogeneously through the thickness. Dislocation strengthening through rapid 
cooling transformations after rolling. And precipitation hardening through carbides and nitrides 
such as VC, VCN, NbC, Nb(C,N), (Ti,Nb)(C,N), etc. 
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Because strength is the main concern, standardization organizations such as SAE (Society 
for Automotive Engineers) and API (American Petroleum Institute) have their own specifications 
and designations for HSLA steels. API classifies them by their strength in KSI (X-42, X-80, X-
120, etc.). SAE uses a 9 followed by two digits indicating the minimum strength in KSI (942X, 
945A, 950D), the letter following the number indicates the type of alloying elements used. For 
example X is used to indicate content of N, Nb, V and other[51]. The mechanical properties are 
achieved by carefully choosing the microalloying content, optimizing the thermo-mechanical 
process (TMP) and the final cooling, as well as the coiling temperature. HSLA steels are very good 
at structural applications, but especially good at the oil and gas industry. API standards has a whole 
range of specifications for linepipe products, giving to some HSLA steel the name of Linepipe 
Steel. 
2.3.1 Line Pipe Steel 
Line pipe steel (LP steel) is a type of HSLA steel specifically designed for strength, 
toughness and corrosion resistance required in the oil and gas industry. LP steel must have good 
weldability for pipelines are built by this joining method. The importance of LP steels in modern 
society comes from the fact that pipelines are the most efficient mode for fluid transportation over 
long distances. The development of steel processing technologies and the high requirements from 
oil industry promoted advancements in LP steel in the last decades. 
In 1948 API published specifications for X42 line pipe steel, many things have changed in 
line pipe steel since then. The pipelines became bigger, the pressures higher along with the 
requirements for higher strength and lower cost. In the race for toughness sulfur content was 
reduced from 0.012wt% to 0.002wt%[52]. Strength requirements nearly tripled in the last twenty 
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years from 42 to 120 KSI. Controlled rolling processes and the development of Accelerated 
Controlled Cooling (ACC) systems introduced the possibility of new microstructural 
combinations. 
One LP steel production method common today is the patented Compact Strip Mill (CSP) 
introduced in 1989 by SMS. The novelty of this process was the continuous uninterrupted process 
from casting to coiling. The casting process is done in slabs from 50 to 90mm thick. Instead of 
cutting the slab after solidification, it is fed directly into a furnace for temperature homogenization. 
This is followed by rolling to final thickness and controlled cooling.  
Another (most common) production process is the Conventional Controlled Rolling 
(CCR). Here, reheating is followed by two stages of deformation: “Roughing” rolling at high 
austenitic temperatures, in recrystallization conditions, and “Finishing” rolling, at low austenitic 
temperatures in non-recrystallization conditions. The roughing refines the austenite grain size by 
multi-pass deformation and recrystallization cycles to ~20 μm[53]. The finishing accumulates 
strain in austenite, “pancaking” the grains, and conditions the austenite with numerous nucleation 
sites. As steel grades kept increasing, loads at the mills kept growing and new deformation 
techniques had to be engineered. 
A remarkable advancement was the development of High-Temperature Processing (HTP). 
HTP utilizes Nb to increase the non-recrystallization temperature, allowing for deformations at 
higher temperatures. This process improved dimensional tolerances, weldability and improved 
toughness through microstructural control. The classic ferrite-pearlite microstructure was replaced 
by acicular ferrite and bainite[54]. HTP production of line pipe steel is object of analysis of this 
research work. Opportunities for improvement in the HTP are assessed, based on scientific 
observations. 
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3.0  Linepipe Steel and the High Temperature Process 
Thermomechanical processing (TMP) means to utilize the process of shaping the steel with 
a double purpose: to achieve both the geometric and the mechanical expectations without further 
heat treatment. The High Temperature Process (HTP) is an industrial TMP created for reducing 
mill loads and increase productivity by utilizing unusually high temperatures of deformation. High 
Nb contents of about 0.12wt% are considered crucial to HTP, given niobium’s ability to promote 
non-recrystallization conditions at elevated temperatures. The process comprises four important 
operations: reheating of slabs; roughing deformation in recrystallization conditions; finishing 
deformation in non-recrystallization conditions; and controlled cooling transformation. 
3.1 Reheating 
The reheating operation is a necessary step for homogenizing the chemistry of the alloy, as 
well as to facilitate deformation. During reheating, dissolution of micro-alloying elements like V, 
Mo and Nb must be completed and austenite grain coarsening or abnormal growth avoided. During 
this step, thermal homogeneity and target discharge temperature must be met. The homogeneous 
grain size, chemistry and temperature are key factors that minimize variability in final properties. 
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3.1.1 Prior Austenite Grain Size (PAGS) Control During Reheating 
Austenite grain growth can be arrested by precipitates which exert pinning forces on GB’s. 
1948 Zener’s well-known model for limit grain size was idealized on spherical grains and spherical 
particles. Numerous modifications to Zener’s model have been made[11, 55-59] that claim better 
fitting to experimental data on specific conditions. The common ground is that higher volume 
fraction of precipitates in finer sizes limit grain size.  
3.1.2 Grain Growth and Grain Boundary Motion 
Grain boundaries’ intrinsic energy minimization is the driving force for grain growth. As 
grains increase in size, the overall GB interface area is reduced.  The grain growth force, 
responsible for GB migration have been long studied, this force must outstand pinning and drag 
forces for a GB to move. 
The grain coarsening force can be understood trough force-equilibrium. For simplicity, 
consider a bidimensional GB structure. Consider the most common case, where three boundaries 
meet at a point, four or more boundaries at a point is highly unlikely, but can also happen. If three 
boundaries meet at a point, each of them exerts a force on this node. If the three boundaries have 
the same surface energy, all three forces on the node are equal. This means that equilibrium at this 
node requires that these boundaries arrange in a 120° angled fashion, and if they are not like this, 
they will tend to move towards equilibrium. This has geometric implications that dictate the growth 
of the bigger grains at the expense of the smaller. 
Big grains grow due to GB migration towards their center of curvature.  The rate of atom 
jumps across a GB is higher from the convex side to the concave one, as compared to the opposite. 
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This is usually associated to a higher stability on the concave side of the boundary, due to more 
neighbor atoms. When a grain is bigger than its neighbors, its boundaries bend to comply the 120° 
requirement at triple points. This GB curvature makes big grains’ boundaries concave and causes 
grain growth. This explanation is rather oversimplified, since the structure is three-dimensional 
and more complex. However, the analogy is very good. Abnormal grain growth of austenite during 
reheating is undesirable because it lowers the mechanical performance and homogeneity. To avoid 
grain coarsening, pinning and dragging forces on GB are necessary. 
3.1.3 Arresting Grain Coarsening 
The most common strategy to avoid grain coarsening of austenite is to produce fine 
precipitates that can pin the boundaries in place, limiting growth. Pinning forces that counteract 
grain growth force can result from several factors. Essentially, any interface in the path of a GB 
will interact exerting forces on it. Examples include pores, precipitates, non-metallic inclusions 
and even external surfaces. In HSLA steels, pores and non-metallic inclusions are undesirable and 
avoided, hence, precipitation is the tool for grain size control. 
According to Zener, the grain size of an alloy can be limited by the presence of fine 
precipitates. Assuming spherical particles, Zener calculated that the maximum pinning force 
exerted by a volume fraction of precipitates, 𝑓, of radius, 𝑟,  on a GB with surface energy, 𝛾, is 
3𝛾𝑓/(2𝑟) and the growth force is 2𝛾/𝑟. Hence, the grain growth arrest would occur when the two 
forces are equal, giving the limit grain size[57]: 
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𝑫𝒎𝒂𝒙 =
𝟖𝒓
𝟑𝒇
       (3-1) 
However, Zener’s assumptions idealize the structure of an alloy. To accommodate for more real 
conditions several modifications have been proposed[11, 55-59]. 
Most models follow a similar logic. The limit in grain size is a consequence of the 
following three observations: First, every curved GB has a migrating force towards its center of 
curvature. Second, every particle exerts a drag force on the GB that is in contact with. Third, as 
grain growth force gets weaker due to growth, multiple particles are collected at GB’s and their 
drag forces add-up. At the point where pinning force equals grain growth force grain coarsening 
stops.  
The models to predict grain size limit follow that logic, balancing out models of driving force 
(See Table 3.1) and models of pinning force (See Table 3.2).  Some grain size prediction models 
available in the literature are shown in Table 3.3. 
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Table 3.1 Models of grain growth driving force. 
Model Name Expression Where: 
Zener[8, 57, 
60] 
𝐹𝑍 =
2 ∗ 𝛾
𝑅
 
𝛾=Interfacial energy, R=Radius of 
curvature 
Gladman[57, 
61] 
𝐹𝐺 = (
2
𝑍
−
3
2
)
𝛾
𝑅0
 
R=Radius of grain, R0=Radius of the 
average grain, 𝛾=Interfacial energy 
Z=R/R0 
Hillert[8, 57] 
𝐹𝐻 = 𝑘 (
1
𝑅
−
1
𝑅𝐶
) 
R=Radius of curvature, RC=Critical 
grain radius, k= constant 
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Table 3.2 Models of pinning force. 
Model Name 𝐸𝑥𝑝𝑟𝑒𝑠𝑠𝑖𝑜𝑛 Where: 
Gladman[8] 
𝐹𝑃𝑖𝑛 =
3𝑓𝛾
2𝑟
 
f= Volume fraction of 
particles. 
𝛾=Boundary Surface energy 
per unit area 
r = particle radius 
Rigid 
Boundary[62] 
𝐹𝑃𝑖𝑛 =
6𝑓𝛾
𝜋𝑟
 
Flexible 
Boundary[62, 63] 𝐹𝑃𝑖𝑛 =
3𝛾𝑓2/3
𝜋𝑟
 
 
Table 3.3 Grain size prediction models. 
Model Expression Where: 
Zener[60] 𝑅 =
4𝑟
3𝑓
 
R= radius of curvature of GB, r= radius 
of mean particle, 𝑓=volume fraction of 
precipitates 
Hillert[64] 𝐷𝑐𝑟 =
8𝑟
3𝑓0.93
 
𝐷𝑐𝑟=equilibrium grain size, r=particle 
mean radius, f=particle volume fraction 
Nishizawa et 
al.[56] 
𝐷𝑐𝑟 =
8𝑟
3𝑓2/3
 
𝐷𝑐𝑟=equilibrium grain size, r=particle 
mean radius, f=particle volumen fraction 
Rios[59] 𝐷𝑐𝑟 =
𝑟
3𝑓
 
𝐷𝑐𝑟=equilibrium grain size, r=particle 
mean radius, f=particle volumen fraction 
Moon et 
al.[65] 
𝑑𝐷
𝑑𝑡
= 𝑛𝐾 [
1
𝐷
−
𝑓
𝑍𝑟
]
(1 𝑛⁄ )−1
 
D=mean grain diameter, n= time 
exponent, K=rate constant, Z=Zener coefficient, 
r=particle mean radius, f=particle volume 
fraction 
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Solute drag force, another type of force acting against grain growth is exerted by solute 
atoms on GBs. The solutes are naturally attracted to the lattice distortions at GBs, minimization of 
elastic energy due to misfit is the driving force. It is well known that an alloy atom present in 
austenite causes local elastic strain of the matrix. As GBs are regions of lattice misfit, the strain 
energy associated to a foreign atom and that of the GB can be reduced if the atom migrates to the 
neighborhood of a GB. This is the thermodynamic drive for the segregation phenomenon[60]. As 
segregation lowers a GB’s interfacial energy, it also makes it loose mobility. 
Segregation in the vicinity of GB creates solute rich atmospheres that can effectively hinder 
the motion of GB[60]. This effect, called solute drag, was experimentally verified by Weining and 
Machlin in 1957, after observing a fast decrease of the grain growth exponent, n, as the solute 
concentration increased [60, 66, 67]. This effect reached a saturation value, at which increasing 
alloying content no longer decreased the grain growth exponent. This exponent has the ideal value 
n=1/2 when no solute is added. The solute elements which distorted the matrix the most were 
found to have the largest effect.  At higher temperatures, however, the effect is reduced, it is 
assumed that the solute atmospheres are broken by thermal vibration. Hence, precipitation remains 
the main tool for controlling growth. 
3.1.4 Dissolution of Precipitates 
During reheating, dissolution of alloying elements is important for homogenization 
purposes, so an optimal reheating treatment must be found between dissolution of precipitates and 
grain size control.  
Precipitates’ dissolution at reheating temperatures have the natural consequence of 
abnormal grain growth and grain coarsening. When precipitates dissolve, the only remaining force 
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against GB motion, is solute drag. As explained before, solute drag force is not as strong as pinning 
force, especially at high temperatures (i.e. above ¾ of melting temperature). At these temperatures 
is well known that once precipitates dissolve grains will coarsen. Hence, precipitates’ dissolution 
during reheating is a very relevant phenomenon to understand. 
The phases present in an alloy at equilibrium, at a given temperature and pressure, can be 
determined by minimization of Gibbs free energy. Dissolution is governed by the chemical 
potential of elements in the existing phases. That is, the Gibbs free-energy change due to the 
addition of a unit mass of the component. Models that describe the alloy as regular solution 
sublattice and account for the total Gibbs free energy of the multicomponent system are commonly 
used. Additional energy from the mixing process is considered in these models, the entropy of 
mixing and the excess energy of mixing are important parameters to consider. The overall 
calculation is based on databases of Gibbs free energy of the possible phases in the alloy. These 
models are very accurate at predicting the amounts of each phase present in equilibrium conditions. 
During reheating, however, it is uncertain whether equilibrium conditions are achieved. 
Factors such as geometry, atmosphere and soaking time largely vary, and influence the different 
dissolution processes. Hence, precipitates’ volume fractions calculations based on Gibbs-free 
energy may not fit experimental data. 
 Another way to determine the volume fraction of precipitates is by utilizing the empirical 
solubility products of the precipitates. Numerous publications provide experimentally verified 
solubility product equations. Combining these with mass balance equations accurate calculations 
of the volume fractions present can be made. Especially if the solubility products were determined 
on similar alloys to that of interest. Based on precipitate volume fraction calculations, PAGS 
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calculations can be made and a suitable reheating temperature chosen. Experimental verification 
of dissolution and grain size is necessary to avoid undesirable reheating results. 
3.2 Hot Rolling 
Hot rolling is the central stage of TMP. During hot rolling the final thickness is achieved, 
and the microstructure of austenite is conditioned for the final transformation. The hot rolling by 
CCR comprises two important operations: roughing rolling, under recrystallization conditions; and 
finishing rolling, under non-recrystallization conditions. 
3.2.1 Austenite Deformation Under Recrystallization Conditions: Roughing 
CCR roughing deformation has the purpose of providing bulk deformation while producing 
a refined austenitic microstructure. This is achieved by repeated cycles of deformation and 
recrystallization that iteratively produce finer grains in a similar fashion to Recrystallization 
Controlled Rolling (RCR). Well balanced microalloying is key in this strategy to prevent austenite 
grain coarsening while allowing Dynamic Recrystallization (DRX) or fast Static Recrystallization 
(SRX). 
DRX is the nucleation and growth of strain free grains, that happens simultaneously with 
deformation.  Deformation conditions control when DRX occurs. One way to summarize 
deformation conditions is through the Zener-Hollomon parameter, 𝑍. Given by: 
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𝒁 = ?̇?𝒆𝒙𝒑 (
𝟒𝟎𝟐𝟎𝟎𝟎
𝑹𝑻
)     (3-2) 
DRX occurs when the required steady state for DRX, 𝜎𝑠𝑠, is surpassed. According to Roucoules 
[68], this stress is defined by: 
𝝈𝒔𝒔 = 𝑨?̇?𝒆𝒙𝒑 (
𝑸𝒅𝒆𝒇
𝑹𝑻
)
𝒒
     (3-3) 
Where 𝐴 is a constant for the material, A~7.2,  𝑄𝑑𝑒𝑓=300kJ/mol for hot austenite, q=0.09[68], T, 
is the absolute temperature and R, is the universal constant of ideal gases. According to Siciliano, 
et al[68], DRX is very likely to occur in the first deformation passes given the high temperature. 
 SRX, the nucleation and growth of strain-free grains that occurs after a deformation, is 
driven by the introduced strain in the material. Hence, higher deformation passes are susceptible 
to produce recrystallization. Being a diffusional process, SRX is highly promoted by high 
temperature. Static recrystallization softens the material eliminating strain hardening, so an 
effective method for detecting SRX is by stress relaxation.  
Stress relaxation can be detected when a second deformation is applied at the same 
temperature and after a determined interpass time. If the yield strength of the material is repeated, 
full recrystallization has happened. During CCR, roughing deformation is done under full 
recrystallization conditions.  
CCR roughing deformation comprises most of the total rolling percent reduction of 
thickness, however, some deformation is reserved for the “finishing” stage.  This is broadly 
accepted as a necessary measure to condition austenite. Common thickness reduction during 
roughing does not exceed 75% and finishing deformation is around 60%. It has been claimed that 
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a 3:1 transfer bar to final thickness ratio must be used to produce adequate final properties. 
Nevertheless, having a thick transfer bar means suppression of grain coarsening at the center 
cannot depend on cooling only[69]. Once the recrystallization is completed, the structure is meta-
stable and will attempt to coarsen to reduce surface area[70]. Precipitates that avoid coarsening 
must be present if a fine microstructure is to be produced during roughing deformation-
recrystallization cycles. 
3.2.2 Austenite Conditioning by Deformation under No-Recrystallization Conditions: 
Finishing 
The purpose of deformation in non-recrystallization conditions is to achieve the final 
thickness and produce a highly dislocated structure, rich in nucleation sites for the final 
transformation. Deformation passes below Tnr accumulate strain in austenite and facilitate 
secondary phase formation. Non-recrystallization conditions are achieved, thanks to precipitation 
that happens as temperature decreases. This transition in recrystallization behavior is expected to 
happen at the transfer bar. 
The production of an austenitic microstructure suitable for final transformation is known 
as austenite conditioning. In CCR, the combination of roughing grain size refinement, and 
finishing deformation accumulation, provides numerous nucleation sites. The amount of surface 
per unit volume, readily available for nucleation, is known as Effective Nucleation Area (Sv) and 
measuring it is one way to assess austenite conditioning. A high Sv promotes high ferrite 
nucleation rates that refine the structure, resulting in high yield strengths and toughness[50, 71, 
72]. 
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Austenite conditioning is influenced by microalloying elements through their ability to 
control grain size, recrystallization or stabilize austenite[72]. Austenite stabilizers allow the 
deformation of austenite at colder temperatures, where the recovery process is difficult. Ti and Nb 
carbonitrides are well known to have a pinning effect on GBs. This helps prevent grain coarsening 
and can dictate occurrence of non-recrystallization conditions. Hence, precipitation during hot 
rolling is of great importance. 
3.2.3 Precipitation During Hot Rolling 
During hot rolling, precipitates form as the material cools down and is deformed, these 
secondary phase particles play an important role in recrystallization and grain refinement. 
Precipitates existing before hot rolling are responsible for a fine initial austenite. During roughing 
rolling, new precipitates will form and are expected to allow SRX but inhibit grain coarsening. 
Niobium carbides are very effective at inhibiting recrystallization[69, 73]. Niobium carbides and 
carbonitrides formed in unstrained austenite have shown little effect in recrystallization inhibition. 
On the other hand, fine NbC formed through strain-induced precipitation show the most effect on 
recrystallization inhibition[74, 75]. Nb solute drag has proved ineffective for pinning austenitic 
grain boundaries[69]. Therefore, precipitation during roughing deformation is key for achieving 
the no-recrystallization conditions required in finishing deformation. 
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3.3 Transformation and Refinement of Structure 
Microstructural refinement is of crucial importance for strength and toughness in LP steels. 
Acicular Ferrite (AF), is a constituent that offers fine grains and random crystallographic 
orientation, both necessary for high-strength and high-toughness. Deformation multiplies 
nucleation sites. Multiple nucleation of ferrite produces competition for austenite consumption 
during transformation. This produces refinement, especially when aided by fast cooling. 
3.3.1 Ferrite Growth from Deformed Austenite 
The kinetics of nucleation and growth of a new phase can be described by the Johnson-
Mehl-Avrami-Kolmogorov (JMAK) equation: 
𝟏 − 𝝇 = 𝓮−(𝝅/𝟑)𝑱?̇?
𝟑𝒕𝟒     (3-4) 
Where 𝝇, is the volume fraction transformed of the new phase; 𝑱, is the nucleation rate; ?̇?, is the 
growth rate of the new phase; and 𝒕 is time. It can be observed the exponential dependence on 
time, nucleation rate and growth rate. Growth rate is heavily influenced by mobility, hence by 
temperature. Nucleation rate is influenced by austenite conditioning and the undercooling, ∆𝑻. 
Any high energy interface present in austenite is a suitable nucleation site for ferrite, and 
deformation provides many high energy sites. Deformation increases the γ/γ interface area through 
grain elongation. Deformation accumulates as dislocations pile-up and deformation bands, which 
have elastic energy associated to them. Twin boundaries existing before deformation can pile-up 
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dislocations, increasing their surface energy and loosing coherency. Accelerated cooling provides 
big ∆𝑇 values, making nucleation numerous and limiting diffusion. Hence, accelerated cooling 
combined with highly deformed austenite must provide a strong and tough final microstructure. 
 Morphology of the final structure is dictated greatly by the nucleation location. Ferritic 
grains that nucleate on GBs grow faster on the GB direction and are known to adopt ellipsoidal 
shapes with approximate aspect ratio 3:1[23]. Ferrite that nucleates at twin boundaries present 
parallel rows of grains. Precipitation at deformation bands can also show grains arranged in lines. 
Whereas intragranularly nucleation produces AF, the finest and most randomly oriented ferrite. 
3.3.2 Optimal Conditions for Acicular Ferrite Formation 
Deformation and accelerated cooling favor AF formation. Intragranular nucleation sites 
can be provided by deformation bands, twin boundaries or stored deformation. Inclusions can also 
nucleate AF intragranularly, however are well-known to have a detrimental effect on toughness as 
crack nucleators, so one should be careful not to abuse their use. Accelerated cooling has proved 
to be beneficial to AF formation in several studies. 
Previous research suggests that AF transformation mechanism is identical to that of 
bainite[36, 76]. This means AF formation comes at the expense of bainite since they are competing 
components. When AF is the desirable structure, one must be careful to facilitate the beneficial 
factors for its transformation. For instance, grain size should not be too small, some studies have 
found that small austenitic grain size favors bainitic transformation[76]. This is due to bainite’s 
growth from pre-existing grain boundaries, while AF nucleates and grow intragranularly.  
Besides nucleation, adequate cooling rates must be provided, down to a suitable holding 
temperature. The cooling must be fast enough to avoid the formation of pro-eutectoid ferrite, but 
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slow enough to avoid massive martensitic transformation. High cooling rates affect transformation 
by lowering the critical temperature of transformation Ar3. Having a low Ar3 also means the 
diffusion-controlled processes are slowed down, so processes like partitioning or precipitation 
become space-limited, resulting in finer structures.   
Lan, et al[40] studied a HTP steel and noticed that as cooling rate increased to 15°C/s, the 
formation of AF was preferential to that of bainite. Zhao, et al[38] found 20°C/s cooling rate and 
400°C isothermal holding, ideal for AF formation. Other authors claim that with deformation, 
cooling rates of only 3 to 10°C/s are enough to form AF[37, 42]. Deformation effectively induced 
the formation of AF in a study by Jun, et al[77]. Gu, et al[78] found that the AF forms above 
bainitic transformation, suggesting such isothermal holding. 
3.3.3 Effects of Alloying Elements 
Alloying elements in solid solution may promote or delay transformation during cooling, 
depending on whether they are ferrite stabilizers or austenite stabilizers. Mn, Ni, Cu and C are well 
known austenite-stabilizers, they lower the Ar3 temperature. Lower Ar3 temperature promotes 
suppression of pro-eutectoid ferrite and pushes transformation to colder temperatures, making 
finer structures. 
Ferrite stabilizers promote ferrite formation at high temperatures, ferrite formed at high 
temperatures is mostly carbide-free and coarse-grained. Many ferrite stabilizers are also carbide 
formers. Elements that are carbide-formers or nitride-formers may increase the effective 
nucleation area by providing particle/matrix interfaces, if they already precipitated. Incoherent 
particles will promote nucleation due to their higher interface energy as compared to coherent 
particles. 
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3.3.4 Effect of Non-Metallic Inclusions in the Ferrite Formation 
Non-metallic inclusions effects must be treated carefully to avoid misleading. Non-metallic 
inclusions provide nucleation surface for ferrite formation; hence, their presence can refine the 
ferritic structure.  However, when toughness requirements are key, non-metallic inclusions are 
regarded as undesirable flaws due to their ability to initiate cracks. Non-metallic inclusions, if 
present, should be small and dispersedly distributed to have a positive effect on the final structure. 
AF nucleates intragranularly, so it has been showed that inclusions favor AF formation over 
bainite, which nucleates at boundaries. Unfortunately, achieving such state is not common during 
hot rolling. Soft inclusions become elongated and hard inclusions are often too big to be beneficial 
for the formation of a fine microstructure. 
3.3.5 Precipitation During Cooling 
During cooling, remaining precipitation can happen in multiple ways which dictate the 
carbide morphology and distribution. As ferrite forms, and if time is provided, the parent austenite 
enriches its alloying content. If this is the case, considerable amount of precipitation can happen 
in the last islands of austenite to transform[79]. Austenite keeps enriching as the transformation 
proceeds, with C as the easiest partitioning element, tiny islands of retained austenite may survive 
the transformation if the enrichment stabilizes them. When precipitation occurs during final 
cooling, three different scenarios may happen[23]: 
a) Precipitation occurs during 𝛾 → 𝛼 transformation. Precipitates can nucleate at the 
interphase but grow on the ferritic side. As ferrite grows through a ledge mechanism, the 
precipitates that form in this scenario look aligned in rows. 
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b) Iron carbide forms, then it transitions to alloy carbide. As carbon is faster to partition 
during transformation, iron carbide forms first. But a lower Gibbs free energy is associated 
to the formation of the alloy precipitates. Hence, the already formed carbides transition into 
alloy carbides. However, time is key given the diffusion dependence and low temperature. 
c) Precipitation occurs directly in ferrite. This scenario happens if partitioning of the 
alloying elements is achieved during transformation, that is, ferrite stabilizers move to 
ferrite in solid solution. Further holding to temperatures above 450°C can cause 
precipitation of these elements and reduction of the Fe3C fraction. These precipitates are 
the smallest and most randomly distributed. 
3.3.6 Texture Development 
The preferential orientation of crystallites in the polycrystalline HSLA is an important 
factor that influences anisotropy, especially in impact toughness[46]. As explained in section 2.2.1, 
texture matters in fracture mechanics.  
Ferritic texture after hot rolling is usually inherited from austenitic texture. Preferential 
orientation relations such as the Kurdjumov-Sachs (KS) are attained during the austenite-ferrite 
transformation[46, 79]. Research has shown how micro-texture in ferrite is result of the austenite-
intragranular nucleation of ferrite[79]. Polygonal ferrite, on the other hand, nucleates mainly at 
GBs and have more random orientations. It follows that when cooling is slow, more polygonal 
ferrite will form, reducing texturization of the steel.  
Texture generated during hot deformation of thick plates is quite different through 
thickness. This is due to the non-uniform distribution of shear stress during rolling[80].  A deeper 
penetration of deformation can be achieved using deformation passes with higher percentage of 
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thickness reduction.  Deeper penetration of deformation reduces strain gradients, providing a more 
uniform structure.  Having smaller strain gradients can provide a more uniform grain size, 
microstructure and texture. 
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4.0  State of the Art 
Mechanical requirements in line pipe steel products demand through-thickness 
homogeneity that can be challenging in commercial hot-strip mills. As the product thickness 
increases this becomes a more serious concern.  
The Dropped Weight Tear Test (DWTT) standardized for impact toughness testing 
demands through thickness homogeneity. A fine and homogeneous structure is targeted for these 
impact toughness requirements. With this purpose, high amounts of deformation are used in the 
finishing passes. A typical 3:1 ratio is used between the transfer bar and the final product thickness. 
This conducts to low finish-rolling temperatures in the conventional HTP. These low temperatures 
and the amount of finishing deformation usually translate into low mill productivity. To allow 
higher finishing temperatures, the temperature below which full recrystallization does not occur 
(Tnr) is raised by adding Nb, which increases cost. As can be seen, there are many challenges 
involved with the current method of production. 
The HTP of high strength-low alloy (HSLA) steel starts with the reheating of slabs. This 
is followed by hot rolling, and finally cooling to room temperature either by air or accelerated 
cooling. During the hot thermo-mechanical processing, the parameters that govern grain size, 
texture and precipitation are set. These microstructural features are determinant for the mechanical 
properties of HSLA steel. Small grains, for instance, increase yield strength and their numerous 
boundaries can be crack stoppers that improve toughness. Some textures may detriment 
toughness[46, 47]. Precipitates, meanwhile, slow down dislocation motion and provide strength, 
they must be small and coherent to avoid being crack nucleators. In general, controlling both grain 
size and precipitation is crucial for the steel properties.  
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Figure 4.1. Schematic of hot rolling process and austenite structure. Adapted from [44]. 
Both grain size control and precipitation are benefited when some deformation is done 
under the non-recrystallization regime. The deformed non-recrystallized structure has a high 
dislocation content and provides numerous nucleation sites for precipitation, as well as for the new 
phases to form. Consequently, it is very important to have a non-recrystallization regime even 
when processing at high temperatures. 
To guarantee a non-recrystallization regime in HTP, Nb additions are usually made. Due 
to carbo-nitrides boundary pinning and solute drag effects, Nb has been reported to slow down 
austenite boundary motion and recrystallization[62]. As can be seen in Figure 4.2, the effect of Nb 
on recrystallization retardation is remarkable when compared to other microalloying elements. 
However, its effectiveness comes to a price. Common Nb additions ranging from 0.08 to 0.15wt% 
considerably increase the cost of production. 
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Figure 4.2. Effect of microalloy elements on the non-recrystallization temperature of austenite. 
Adapted from [81]. 
Limit I: The use of Nb represents high cost. New approaches that can reduce the Nb content can 
have an enormous economic impact and are a necessity. 
Another important parameter to care about, is the austenite grain size. One must control 
the grain size of austenite, the parent phase of the final structure, to control the final grain size. 
This should be done first during reheating. The reheating of slabs is the preparation for hot 
deformation, it serves the purpose of homogenizing temperature and chemical composition in the 
slabs. The reheating process fully transforms steel to austenite. After deformation, austenite 
transforms into phases like ferrite, bainite and martensite during cooling. The mechanical 
properties of these final constituents improve with small prior-austenitic grain size (PAGS).  
Martensite, for example, has smaller laths and is stronger when the PAGS is small[82]; it also 
forms at lower temperatures[83, 84]. Fine PAGS increases strength of pearlite by producing small 
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colony size[85] and similarly happens with ferrite grain size[8]. The big importance of reducing 
grain size is that is the only strategy that simultaneously increases both strength and toughness, so 
it is imperative to keep grains small. 
To keep a small austenitic grain, it is common to use microalloying elements such as Ti, V 
and Nb to form carbides. These carbides exert forces on the austenite grain boundaries and 
eventually balance out the driving force for growth[1, 60]. For this grain growth inhibition to be 
effective, a large volume fraction of fine stable precipitates must exist[86, 87]. That is, the pinning 
force due to precipitation must be higher than the driving force for grain coarsening, Fpin>FGC. 
The reheating of slabs for HTP is usually done at temperatures which dissolve most of the 
carbide and nitride particles. Later, when rough deformation has taken place, new carbides are 
expected to precipitate to prevent austenite recrystallization.  
Limit II: A deformation schedule is needed, that improves NbC precipitation kinetics at the 
transfer bar, that is, between roughing and final deformations.  
4.1 Hot Deformation Limitations 
The two goals in hot deformation are, first, to shape the steel, and second, to facilitate the 
development of the desired final microstructure. Interestingly, these goals are very dependent on 
the previous step in the process, reheating. During the reheating of slabs, attention must be given 
to the following parameters, which have strong influence on the hot deformation process[44]: 
Austenitic grain size. A small austenitic grain size increases the flow stress during hot 
rolling, dificulting the operation.  Small PAGS also reduces templability by providing more 
nucleation sites for ferrite. On the bright side, small PAGS reduces crack formation during 
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deformation and conduces to fine ferritic grains during cooling, so the desirable conditions are to 
have small PAGS for hot rolling. 
Dissolution of precipitates. Precipitates also increase the flow stress during hot rolling. 
This translates into high energy consumption and reduces the life of the rolls. Hence, it is desirable 
to dissolve most precipitates before the hot deformation. To guarantee full dissolution of 
precipitates, thermodynamic calculations of their volume fraction as a function of temperature can 
be made based on the known solubility products of the precipitates involved. These calculations 
can in turn be used for predictions of mean flow stress and prior austenitic grain size in equilibrium 
conditions. 
Temperatures of recrystallization and non-recrystallization.  The rolling temperature plays 
a crucial role on precipitation and recrystallization[88]. Rough hot deformation, or so called 
“roughing”, is done under recrystallization conditions. “Finishing” deformation, in contrast, it is 
preferred under non-recrystallization regime. The high temperature stage facilitates deformation; 
while the low temperature stage, below the temperature of non-recrystallization, provides 
numerous nucleation sites, and hence a desirable very fine structure[88]. In other words, the 
deformations above Tnr do not influence significantly the microstructural changes that affect the 
transformations to the final microstructure[89]. The fine structure of acicular ferrite, for instance, 
forms almost exclusively from deformed non-recrystallized austenite[90]. From this, it is evident 
that recrystallization conditions are very important to know when hot deforming. These conditions 
depend on temperature and alloy content but also on the amount of deformation.  
Deformation provides the driving force for recrystallization, so it is limited for a given 
composition and temperature when non-recrystallization conditions are required. Tnr is decreased 
when strain and strain rate are increased. Tnr is affected by alloying too, Nb has been observed to 
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retard austenite recrystallization when present in solid solution[62, 73]. Tnr is also influenced by 
the interpass time between deformations. Interpass times lower than 12 seconds can decrease Tnr. 
Interpass times between 12 and 50 seconds increase Tnr due to increasing volume fraction of 
precipitates. While interpass times beyond 50 seconds can decrease Tnr due to precipitate 
coarsening[91]. The balance temperature-composition-deformation can be described by the Zener-
Hollomon parameter. The Zener-Hollomon parameter is a measure of the relation strain-rate to 
temperature and helps determine dynamic or static recrystallization conditions[92]. On the low 
temperature side of the story, deformation at non-recrystallization conditions allow for massive 
nucleation sites and a finer microstructure. From all this recrystallization relations, one can observe 
why high-temperature deformation is beneficial for productivity, but low-temperature finishing 
deformation is good for properties. 
Limit III: The high finishing temperatures required to improve mill productivity often struggle to 
provide the strength and toughness, especially in thick sections. A strategy that can achieve 
toughness while exploiting the benefits of high temperature deformation is required. 
4.2 Solute Drag and Precipitation Control Limitations 
The strengthening effect of carbides and nitrides is essential to steel, so their formation 
needs fine control.  Carbides and nitrides precipitate first from liquid steel during casting.  Most 
of these precipitates dissolve during slab reheating. Later, new precipitates may form due to 
temperature-drop and introduced dislocations during hot deformation. These particles 
effectiveness as strengtheners depends on their final size, which must be nanometric, their high 
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volume fraction and their disperse distribution[86]. All these properties must be procured during 
reheating and during hot deformation. 
Precipitation control during reheating. Some precipitates dissolve during reheating, while 
some are preserved for PAGS control purposes. Particles like TiN are among the last to dissolve, 
given their stability at high temperatures. To preserve precipitates, the homogenization 
temperature must be chosen below their dissolution temperature. 
Solute drag. Alloying elements atoms are attracted by grain boundaries due to the distortion 
present in them. Grain boundary lattice distortions generate stress fields in the surroundings, these 
fields can interact with the impurity elements. The microalloying atoms exert a drag force on the 
boundary[93]. This effect may be exploited during deformation, for recrystallization retardation 
of austenite. Nb is one of the microalloying elements that has demonstrated this kind of effect, 
retarding recrystallization of austenite due to segregation near grain boundaries[62]. The solute 
drag effect is the first mechanism used for recrystallization retardation during hot deformation. As 
the material cools down, the segregated alloying elements nucleate precipitates, only then, 
precipitates become the main inhibitors of boundary migration. 
Precipitation control during hot deformation. Precipitates are required in the final 
microstructure, and after hot deformation is the last chance to form them before the alloy is rapidly 
cooled to room temperature. Carbide particles are stabilized as the material cools down due to the 
diminishing of solubility product. Some particles may still require activation energy (i.e. 
nucleation sites) to precipitate though. This activation energy can be provided by the deformation 
process whenever it is done below the non-recrystallization temperature. A good example of this 
deformation-aided precipitation process is NbC particles. These particles have been observed to 
precipitate in two stages at temperatures around 900°C. First, precipitation at deformation bands 
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and austenite grain boundaries. Second, precipitation induced by deformation-generated 
dislocations[73].  The latter type of particle formation is highly desirable, given its fine distribution 
across the grains. Epitaxial precipitation of NbC happens on preexisting TiN, according to Ma et 
al, diminishing the strain induced precipitation of NbC [94]. In their experiments, this epitaxial 
growth when the interspacing of TiN is less than 300nm happens to raise the austenite 
recrystallization stop temperature more efficiently than strain-induced NbC. NbC particles are 
more effective at retarding recrystallization, whereas TiN particles are not capable of doing so[63]. 
The finish rolling temperature has been found to reduce the precipitation hardening, 
however it enhances other strengthening mechanisms such as grain refinement[95]. 
Precipitation during coiling: Coiling at an appropriate temperature is also an opportunity 
for harnessing precipitation strengthening. Our preliminary study, as well as other authors have 
found coiling temperatures to have a special effect on strength[96].  
Limit IV:  High finishing temperatures do not promote the formation of precipitates as well as 
low temperatures. Harnessing the potential for higher precipitation strengthening at high 
temperatures is a challenge. 
4.3 Real Case Analysis 
We can relate all mentioned limits of current practice to the real case presented next. This 
case regards 3 different plate steel products (19mm thickness) that complied with tensile 
properties, yet most of them failed to comply with toughness requirements at low temperatures. 
Only one of the products showed good toughness and strength. This product also happened to have 
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a very low Nb content (0.045wt%), providing evidence that mechanical requirements can be 
achieved for this type of steel without the high Nb contents. 
On Figure 4.3 we can notice how the tensile properties of all three high-temperature-
processed steel products are consistently similar. However, the toughness of the HH and AR 
materials shows considerable embrittlement at low temperatures. 
  
(a) (b) 
Figure 4.3. Mechanical properties from the real case of 5 steel plate products: (a) Tensile properties; 
(b) Absorbed energy in Charpy impact test. 
The mechanical characterization of these materials was contrasted to many process 
variables, resulting in the following observations: First, a low Nb alloy can achieve the required 
DWTT toughness. Second, there is an apparent maximum of toughness related to a critical 
finishing temperature. Third, contrary to most work reports[88, 95, 97], in these preliminary 
materials lower finish rolling temperature produced lower yield strength. The opposite is the 
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normal tendency, however, experiments with independence of finishing rolling temperature to 
final yield strength have been reported when accelerated cooling is applied[97]. On the other hand, 
the observed contrasting behavior could be an indication that the finish rolling temperature was in 
the intercritical range for these industrial processes. Fourth, there is a critical coiling temperature 
that maximizes yield strength. This could be due to conditions that favor precipitation kinetics. 
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5.0  Research Approach 
5.1 Objectives and Hypothesis 
Objectives 
1. Optimize precipitate formation and microstructure for strength and toughness higher than 
similar commercial alloys with special focus on thick products (19mm). 
2. Develop a new, effective and robust high temperature process for thick linepipe steel 
through Intensive Recrystallization-controlled Rolling. 
3. Reduce alloy content costs while effectively achieving microstructural optimization. 
Hypothesis 
The precipitation and grain refinement required for the strength and toughness of a 
linepipe steel can be achieved by means of a new hot deformation approach. This approach 
consists of a very high deformation at recrystallization conditions and a reduced amount of 
micro-alloying additions. Lower finishing reductions, higher finishing temperatures and 
accelerated cooling can improve toughness in thick products. 
If this hypothesis is true, we can achieve our goal. The strategy to achieve the general goal 
of this work addresses the four identified limits of current practice from section 4.0  by proposing 
three key studies. First, a study of austenitic grain coarsening behavior. Second, a study of 
recrystallization behavior. Finally, a study of precipitation behavior and microstructural control 
through the proposed deformation process. 
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5.2 Intensive Recrystallization-Controlled Rolling (IRCR) 
The proposed process consists of a higher deformation applied during “roughing”, in 
recrystallization conditions; followed by a lower deformation in “finishing” in no-recrystallization 
conditions, and faster cooling as compared to the conventional recrystallization-controlled rolling. 
Innovations in the intensive process were implemented to test specific aspects of the hypothesis. 
The higher amount of roughing deformation comes with two benefits.  First, it allows to 
have a thin transfer bar that can cool faster and reduce the time to cool down to non-
recrystallization conditions.  Second, it eliminates dead time, instead of just waiting for Tnr to be 
achieved, the deformation process continues.  Combination of these two benefits allows to have a 
lower Tnr of the alloy, that is, a lower Nb content can be used. 
The lower deformation during finishing is a consequence of the high deformation during 
roughing. Low deformation under non-recrystallization conditions derive in fewer nucleation sites 
for final transformation. However, if this deformation is done at the lowest temperature possible 
above AC3, it is expected that recovery will be minimized. Deformation-generated dislocations 
could then nucleate a fine microstructure aided by fast cooling.  
Fast cooling is then key for success of this process. It will help provide more nucleation 
sites and accomplish acicular ferrite microstructure. As explained before, acicular ferrite is our 
target microstructure due to its characteristic strength and toughness, so the cooling rate is 15°C/s 
down to 550°C. 
A comparison of the deformation processes is provided in Figure 5.1 Temperature-time 
schematic comparison of conventional to intensive recrystallization controlled rolling. both 
processes are presented as they would be in a typical mill with 5 roughing stands (R1 to R5) and 
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7 finishing stands (F1 to F7). Notice that the conventional deformation schedule uses longer times and 
higher Tnr, because it is thought for higher Nb.  
The total cumulative deformation for both processes is 92%, however, the distribution of 
the deformation is a major difference. The amount of deformation occurring above Tnr, in 
recrystallization conditions is 85% for the IRCR process, as compared to 75% for the conventional 
process. Similar at first sight, these two roughing approaches produce very different transfer bar 
thicknesses. The conventional process produces a transfer bar three times thicker than the final 
thickness. Whereas the IRCR process produces a transfer bar slightly less than twice as thick as 
the final product. The thinner transfer bar shortens the time to cool below Tnr, allowing for faster 
production and lower Tnr.  
Notice that IRCR uses traditional finishing stands to add passes to the roughing deformations 
and skips a few finishing stands. The roughing deformation starts in stand R1 and is completed at stand 
F2. The skipping or “dummying” of F3, F4 and F5 stands is thought to give time for precipitation and 
transition to no-recrystallization conditions. This eliminates deadtimes as compared to the CCR 
process, where a thicker transfer bar takes longer times to cool down to no-recrystallization regime. 
This is the reason the projected time for full process in IRCR is shorter than CCR. 
A more detailed schematic of the distribution of deformation in both processes is presented 
in Figure 5.2. Notice how the finishing deformation in the conventional process uses many passes, 
distributing deformation evenly among them. The IRCR process uses less final deformation, 
however, it applies it at the lowest temperature possible in only two passes. This allows for 
deformation to go deeper and have a more homogeneous result. The low temperature provides a 
barrier for recovery, preserving dislocations for nucleation of the final micro-constituents. 
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Figure 5.1 Temperature-time schematic comparison of conventional to intensive recrystallization 
controlled rolling. 
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(a) (b) 
Figure 5.2 Deformation schedule comparison between (a) Conventional Controlled Rolling and (b) 
Intensive Recrystallization Controlled Rolling.  
5.3 Alloys’ Selection 
Three alloys were used, with Nb content as the only contrast. Nb slows recrystallization at 
high temperatures. Dynamic recrystallization requires higher deformations in Nb-bearing steels as 
compared to Nb-free steels at a given temperature[74]. Static recrystallization requires longer 
times in Nb-bearing steels. The mechanisms responsible for this behavior may be precipitate 
pinning of boundaries or solute drag effect[74]. The recrystallization retardation effect of different 
Nb content steels was of great importance in this study. The composition is shown in Table 5.1. 
Table 5.1 Compositions (wt%) of the three used alloys. 
Alloy C Mn Cu +Ni +Al Cr Nb Mo + V Ti N Si 
High-Nb 0.05 1.5 <0.4 0.25 0.09 <0.25 0.01 0.007 0.25 
Med Nb 0.05 1.5 <0.4 0.25 0.07 <0.25 0.01 0.007 0.25 
Low Nb 0.05 1.5 <0.4 0.25 0.05 <0.25 0.01 0.007 0.25 
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Three alloys were laboratory produced: The first with 0.09wt% Nb, then two modifications 
with lower Nb content were added. The lower Nb content is crucial part of this study. The 
mechanisms and phenomena studied during hot-processing aim to achieve enhanced 
microstructure with low Nb content. 
Other alloying elements were left the same as in High-Nb steel. The High-Nb steel is based 
on a commercial HTP steel and is the basis of comparison to our proposed Low-Nb alloy. The 
Med-Nb steel was only used for verifying trends, when necessary. 
5.4 Austenitic Grain Coarsening Behavior and Dissolution 
The challenge in grain size control is to be able to avoid grain coarsening, despite the low 
alloy content. A systematic study of austenitic grain growth was conducted. The secondary phase 
particles pinning effect was expected to vanish at a certain temperature when the particles 
dissolved. This temperature then served as a reference to decide the austenitization temperature 
and soaking time. The optimal austenitization temperature prevented abnormal growth, this helps 
homogeneity of mechanical properties. The austenitization temperature must also allow for 
dissolution of most alloying elements, so they can precipitate homogeneously. 
Methods: Thermodynamic calculations of precipitates volume fractions first helped 
choose the temperatures for these experiments. For the austenitic grain growth study three different 
austenitization temperatures were tested, 1150°C, 1200°C and 1225ºC, each with two different 
soaking times, 30 and 60 minutes.  The samples were quenched immediately after the 
austenitization soaking time was completed. The austenitic grain size was revealed by tempering 
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plus picral etching and was corroborated by Electron Back-scattered Diffraction (EBSD) mapping 
of quenched samples. Verification of grain size was also done by thermal grooving[98]. The use 
of EBSD mapping also allowed to characterize the grain boundary character distribution (GBCD) 
evolution through different austenitization conditions. 
By analyzing the timeline of grain size for a given reheating temperature, one can 
determine whether there is influence of precipitates.  We compared the evolution of grain size at 
different temperatures, the dissolution temperature of precipitates was evidenced by the 
appearance of abnormal growth. This dissolution evidence was supported with the use of High-
Resolution Transmission Electron Microscopy (HRTEM), and electron diffraction. 
5.5 Deformation and Recrystallization Behavior 
This study had the purpose of experimentally determining Tnr, and MFS at the 
temperatures of interest. Also, compare the results of the two different roughing processes of CCR 
and IRCR. This study comprised first, the calculation and experimental verification of Tnr and 
mean-flow stress (MFS). Second, the execution of two roughing schedules devised with different 
amounts of deformation. The following deformations were used 75% and 85% total thickness reduction 
above Tnr.  
The MFS, the stress necessary to keep deforming steel was theoretically calculated using 
Misaka, et al equation (See Equation 5-1), while the experimental value, 𝑀𝐹𝑆𝑒𝑥𝑝, was obtained 
using Equation 5-2 on the hot compression test results. 
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𝑴𝑭𝑺 = 𝒆
(𝟎.𝟏𝟐𝟔−𝟏.𝟕𝟓[𝑪]+𝟎.𝟓𝟗𝟒[𝑪]𝟐+
𝟐𝟖𝟓𝟏+𝟐𝟗𝟔𝟖[𝑪]−𝟏𝟏𝟐𝟎[𝑪]𝟐
𝑻
)𝜺𝟎.𝟐𝟏?̇?𝟎.𝟏𝟑
  (5-1) 
𝑴𝑭𝑺𝒆𝒙𝒑 =
𝟏
𝜺𝟏−𝜺𝟎
∫ 𝝈 𝒅𝜺
𝜺𝟏
𝜺𝟎
    (5-2) 
Third, an evaluation of the post-deformation conditioning of austenite by means of 
microstructure, grain morphology, dislocation density, effective nucleation area (Sv) and texture. 
The austenite was evaluated after the first deformation that did not show full recrystallization. A 
heavily deformed austenite was obtained. The Sv of deformed austenite was used to correlate 
deformation to microstructure nucleation. The Sv value helps quantify the nucleation opportunities 
for precipitate formation[41]. In general, this deformation study allowed for comparison of 
experimental information to models for: recrystallization force, pinning force, solute drag and 
nucleation sites formation. 
Methods:  Using the three alloys shown in Table 5.1. Deformations were made at a Gleeble 
3500-317 thermomechanical system. Specimens were rectangular prisms 15x15x20 mm. The 
specimens were solution-treated to 1200°C for 60 minutes and quenched, in preparation before the 
deformations took place. Then the specimens were reheated to 1225 for 5 minutes and subjected 
to hot plane-strain compression by wedge-like dies at the Gleeble system, using different 
deformation schedules.  
There were two different deformation experiments of hot compression (See Table 5.2). The 
first was designed to determine MFS and Tnr experimentally. This consisted of an eight-hit 0.2 
strain reiterative deformation as the sample was cooling down every 25°C from 1050 to 950°C. 
Whenever non-recrystallization conditions are achieved; the strain hardening must be higher 
during deformation. The second experiment was designed to simulate the roughing deformation. 
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This consisted of eight roughing steps, comparing the conventional 75% roughing reduction, to an 
intensive 85% roughing. Samples were quenched after roughing simulations to evaluate austenite 
conditioning.  
Table 5.2. Experiment for determination of temperature of non-recrystallization and mean-flow stress. 
 T (°C) %Reduction 
Strain 
rate 
(1/s) 
Interpass 
time (s) 
Cumulative 
%Reduction 
Def1 1050 20 1 20 20 
Def2 1025 20 1 20 36 
Def3 1000 20 1 20 48.8 
Def4 975 20 1 20 59 
Def5 950 20 1 20 67.2 
Def6 925 20 1 20 73.8 
Def7 900 20 1 20 79 
Def8 875 20 1 20 83.2 
Table 5.3. Experiments simulating roughing deformation. 
Above 
Tnr 
%Reduction with respect to 
original size 
%Reduction with respect 
to every stand 
  CCR IRCR CCR IRCR 
R1 15.00% 15.00% 15 15 
R2 32% 36.25% 20 25 
R3 46.96% 52.19% 22 25 
R4 58.63% 63.18% 22 23 
R5 67.73% 70.55% 22 20 
R6 75.15% 75.85% 23 18 
F1 - 80.44% - 19 
F2 - 85.13% - 24 
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For a partial preservation of the microstructural conditions most specimens were quenched 
with the system’s water-cooling tool. The quenched specimens were then characterized. They were 
etched with picric acid saturated solution to reveal the austenitic structure. Optical microscopy 
(OM) was the first-hand tool to analyze austenite and determine its recrystallization status by 
observing grain size and morphology. We confirmed the degree of recrystallization and texture 
analysis using electron backscatter diffraction. EBSD mapping allows measurements of image 
quality, which is related to dislocation density; texture and grain boundary character. Relating 
these data to the Nb content, the recrystallization effects were assessed. 
5.6 Transformation and Precipitation During Deformation, Cooling and Coiling 
The purpose of this study was first, to prove that Low-Nb + IRCR can provide a suitable 
austenite conditioning for optimized final transformation. Second, that coherent fine precipitates 
can form during and after deformation, that enhance strength. And third, that low finishing 
deformation combined with accelerated cooling can provide the fine acicular ferrite needed even 
in thick products. The use of low alloy in HTP steel is a new approach, hence these transformation 
studies were of great importance. 
This study gathered and analyzed data related to development of the final microstructure 
and the precipitation kinetics of the alloying elements. That is, temperature of dissolution and 
deformation induced precipitation behavior. We identified volume fraction, size, coherency, 
morphology and preferred nucleation sites. Then we used all this data to make our process produce 
the fine precipitates that we needed for high strength and toughness.  
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The desired final microstructure must be tough. This translates on to characteristics as 
having a small effective grain size, high angle grain boundaries, etc. Therefore, as explained in 
section 2.2.3, our target microstructure was acicular ferrite.  
One good way to obtain acicular ferrite is through deformed austenite combined with 
accelerated cooling[78]. Cooling rates of at least 15°C/s have been necessary to produce AF in 
similar steels[40]. Deformation promotes AF formation[40, 41], it has been observed that on 
deformed samples only 5-10°C/s cooling rates are enough to form AF[37, 39, 42]. To be able to 
produce acicular ferrite in thick products, we combined a highly deformed structure with a cooling 
rate of 16°C/s. 
Methods: Hot torsion tests were done to physically simulate the roughing and finishing 
deformation. A Gleeble 3500 machine was used for the torsion tests and controlled cooling rates. 
The objective of these final experiments is to develop toughness through thickness by 
microstructure refinement and precipitation control. The resulting samples were characterized 
using SEM, TEM and EPMA to identify, analyze and assess the precipitation behavior of the 
alloys. Samples from austenitization, and hot deformation studies were analyzed as well to obtain 
a full precipitation behavior through the whole process. 
Deformations were made using 75 and 85% reduction in recrystallization conditions, called 
“roughing” (R) and 57 and 46% reduction in no-recrystallization conditions, deformation called 
“finishing” (F) (See Table 5.4). Both deformation schedules were applied to the High-Nb and the 
Low-Nb alloys. After the final deformation, the specimens were water-quenched. The deformed 
samples were characterized to determine austenite conditioning. The analysis of these specimens 
compared the deformed austenite structure, as well as volume fractions of carbonitrides, and their 
size distribution.  
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Table 5.4. Torsion deformation schedules.   
 
% reduction per stand 
 
T (°C) Stand 
75% R + 
57% F 
85% R + 
45% F 
 
Roughing: 
From 1200°C to experimental 
Tnr 
1200 R1 15% 15% 
 R2 25% 25% 
 R3 25% 25% 
 R4 23% 23% 
 R5 20% 20% 
 R6 18% 18% 
 F1 15% 19% 
Tnr+10°C F2 15% 24% 
 
Below experimental Tnr but 
above experimental Ar3 
 
 
 
 
Ar3+20°C 
F3 15% Dummy 
F4 15% Dummy 
F5 15% Dummy 
F6 15% 25.6% 
F7 15% 25.6% 
 
5.6.1 Validation Experiments 
A final validation was done utilizing an experimental mill. This compared the CCR process 
to the IRCR on both alloys. The deformation schedules had to be simplified to be able to execute 
the deformation in the experimental single-stand reversible mill. Plates of 0.75in thickness were 
targeted starting from 3.5in thick slabs previously obtained from 7in ingots. Accelerated 
Controlled Cooling (ACC) was applied followed by furnace cooling. The schedules are shown on 
Table 5.5 and Table 5.6. 
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Table 5.5 Simplified CCR process. 
Tin (°C) % Reduction 
  
1200  Reheating 
1050 35.7 Roughing 
925 24 
Finishing 
T<Tnr 
67% 
900 24 
875 24 
850 24 
550  Coiling   
 
Table 5.6 Simplified IRCR process. 
Tin (°C) % Reduction   
1200 Reheating    
1100 18 
Roughing 
T>Tnr 
61% 
1070 27 
1040 35 
910 26 Finishing 
T<Tnr 
45% 880 26 
550 Coiling    
 
 
Immediately after rolling, specimens were conveyed through a water spray to reach 550°C 
at a cooling rate of approximately 16°C/s, previously experimentally tested. Then the specimens 
were furnace cooled to simulate the slow cooling of a coil. The deformation experiments were 
repeated, this time followed by quenching, for analyzing the deformed structure. Infra-red 
pyrometers were located at both sides of the rolling stand for temperature monitoring. The 
interpass cooling was natural convection. A set of contact thermocouples were used right after the 
cooling bed to verify the final surface temperature. 
The microstructure from the resulting specimens from ACC + furnace cooling, was 
characterized and the mechanical properties tested. The microstructure was analyzed by OM, SEM 
and EBSD to determine texture, GBCD and precipitation distribution. On the mechanical side, 
microhardness, tensile tests and Charpy V-notch impact tests were used to assess strength and 
toughness. 
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5.7 Equipment and Techniques 
Experiments were performed at University of Pittsburgh Ferrous Physical Metallurgy 
group laboratory and at United States Steel Corporation (USS) research facilities at Homestead, 
PA. The melting and casting of the laboratory heats was done at USS research facilities, as well as 
hot deformations and carbon replica coatings. The reheating simulations and all characterization 
was performed at University of Pittsburgh facilities. 
5.7.1 Reheating Simulations 
Specimens were cut in pieces of approximately 1cm X 1cm X 1cm using a cool cut in a 
horizontal saw. After being washed and dried, the specimens were encapsulated in quartz tubes 
under moderate vacuum. The vacuum was alternated with Ar filling 5 times to ensure an inert 
environment inside the capsule before it was finally sealed in vacuum. One piece from each 
chemical composition was put in every capsule.  
The capsules with the three alloys -were then austenitized at 1150°C, 1200°C, 1225°C, 
1250°C and 1300°C for 30 minutes and 60 minutes soaking times. The time was counted after the 
furnace recovered the set temperature after loading the capsule. The furnace used was a calibrated 
Sentro Tech Corp ST-1500C-121216 and its temperature reading was compared to a K-type 
thermocouple with an external reader to verify the precision of temperature control right before 
the samples were inserted. 
The capsules were quenched in ice brine immediately after the soaking time was reached. 
The thermal shock combined with the vacuum pressure in the capsules made them implode at the 
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contact with the quenching media. The mixture was agitated for ten seconds in an eight-shaped 
pattern to guarantee continuous removal of locally heated water. 
5.7.2 PAGS Revealing and Reconstruction 
Three techniques were used for revealing PAGS in the reheating simulation samples. The 
first, was by picric acid solution, the second through EBSD mapping, and the third by thermal 
etching. The picric acid solution was prepared by heating 100 ml of distilled de-ionized water to 
90°C, picric acid was added until saturation, 2g of sodium dodecylbenzenesulfonate and 6 drops 
of hydrochloric acid. The samples were tempered at 600°C for 24h before etching for revealing 
PAGS. The tempering process was intended to cause P segregation to PAGB. The samples were 
polished, cleaned and immediately etched by immersion and swabbing for 1-2 min. 
Micrographs were taken using a Keyence Microscope Flexible Optical Microscopy and 
Metrology Platform, see Figure 5.3. The measurements were done by circling the perimeter of 
individual grains and obtaining from the software the Feret diameter for later averaging this value. 
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Figure 5.3.  Micrograph of alloy 0.091%Nb austenitized to 1225°C per 60 min and etched with picral 
solution. 
 
A separate set of austenitized-quenched specimens was not tempered. Instead, the 
martensitic specimens were ground and vibro-polished for EBSD orientation image mapping 
(OIM). EBSD maps were acquired as detailed in section 5.7.5. Post processing of the martensitic 
maps used MTEX Matlab toolbox and the method developed by Nyyssönen, et al.[99] for re-
constructing prior austenite grains (PAG). This method introduced elsewhere[99-102], determines 
the experimental orientation relationship (OR) from martensite to its parent austenite. It starts by 
assuming the well-known Kurdjumov-Sachs OR and iteratively compares adjacent grains to 
determine the experimental OR. The experimental OR is then used along a graph-clustering 
algorithm by van Dongen[102] for re-constructing the PAG map (see Figure 5.4), considering all 
24 possible parent orientations for every point. Further processing of the generated PAG EBSD 
files was done in MTEX for generating KAM and GB maps. 
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(a) (b) (c) 
Figure 5.4. Comparison of the reconstructed PAGS map to a picral etched micrograph. (a) Micrograph 
after picral etching; (b) EBSD OIM map from quenched specimen; (c) reconstructed OIM map of austenite, 
based on (b). High-Nb sample austenitized to 1150 °C for 1 h. 
Thermal etching was used only as a verification technique for the selected reheating 
temperature of 1200°C per 60 minutes, see Figure 5.5. The surfaces of interest were first polished, 
then the specimens were washed, cleaned and encapsulated in vacuum quartz tubes. The capsules 
were then austenitized to 1200°C per 60 minutes and immediately quenched in ice brine. The 
PAGS was observed by optical microscope Zeiss SmartZoom 5 and measured using the free 
software ImageJ. Fifty grains from each alloy were measured as a representative sample. The 
drawback of thermal etching is that the surface is known to interact with the boundaries, reducing 
the significance of its results. 
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Figure 5.5. Micrograph of thermo-etched alloy with 0.05% Nb austenitized to 1200°C per 60 minutes 
in vacuum. 
5.7.3 Electron Microscopy 
Scanning electron microscopy observations were conducted on a Zeiss Sigma 500VP field 
emission gun SEM equipped with Oxford Aztec EDS detector. This tool was used mainly for the 
first assessment of precipitation, using magnifications from 50 000X up to 300 000X and resolving 
particles of tens of nanometers. For energy dispersive spectroscopy (EDS), a 20kV beam was used 
and the detection conditions were consistently: 0-20KeV energy range, 2048 channels, process 
time 5, and 200 000 counts. 
Transmission electron microscopy was done in a JEOL JEM2100F microscope, using 
200kV. This microscope was equipped with double-tilt holders, EDS detector and CCD camera. 
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5.7.4 Scanning Transmission Electron Microscopy (STEM) 
A Zeiss Sigma 500VP field emission gun SEM with STEM capabilities was used. The 
specimens were as prepared for TEM and mounted on a revolver specimen holder with 6 positions. 
This technique was only used for faster exploration of thin foils, before TEM analysis. 
5.7.5 Electron Backscattered Diffraction (EBSD) Mapping 
The samples for EBSD were first polished manually. Then vibro-polished at 65Hz in a 
GIGA 0900 Vibratory Polisher by Pace Technologies. After vibratory polishing the samples were 
washed with soapy water, rinsed with water, rinsed with ethanol and cleaned with ultrasound while 
submersed in ethanol for 10 minutes. 
Electron backscatter diffraction (EBSD) mapping was conducted at a FEI G FIB/SEM dual 
beam system equipped with an EDAX phosphorus EBSD specialized camera. A beam of 20kV 
and 13nA was used on the specimens tilted 70° towards the EBSD phosphorus screen, with 14mm 
of working distance. Various scan sizes were used, the step size varied from 0.2μm for scans 
100μmX100μm to 0.4μm for scans twice as large. Hexagonal pattern was used for the map 
collection. All EBSD scans were collected at this equipment. 
Post-processing of the collected EBSD maps started with clean-up routines. Grain dilation 
and Confidence Index (CI) standardization routines were performed in that order. A minimum 
grain size of 3pixels was conditioned, a minimum of 5degree GB misorientation and 0.1 as 
minimum confidence index. Regeneration of PAGS maps is explained in section 5.7.2. 
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5.7.6 Hot Deformation Techniques 
Hot compression and hot torsion were done at a Gleeble 3500-317 at USS research 
facilities in Homestead, PA. All compression and torsion specimens were solution-treated at 
1200°C and quenched before their deformations. The specimens were encapsulated in vacuum 
quartz tubes before the solution treatment was carried out. The capsules were broken at quenching. 
Specimens for hot compression were 15mmX15mmX20mm prisms. Specimens for hot torsion 
basic geometry is shown in Figure 5.6. 
The cooling media for quenching was water, projected by internal nozzles at the Gleeble 
system. The controlled cooling of the torsion tests was done using N2 gas blown at the outer 
diameter and through a hole drilled axially inside the specimen. The size of the hole was 3/16” 
inches. 
 
Figure 5.6 Hot torsion specimen geometry as produced by USS research team. Measurements are in 
inches. 
5.7.7 TEM Sample Preparation 
Thin foil specimens were prepared by first grinding and polishing a bulk sample. After 
polishing. The mountings were then broken, and the polished surface glued to a flat mounting. 
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Grinding was performed on the opposite side of the polished face. A controlled rate and appropriate 
sequence of grinding papers was chosen to get to 80-100 micrometers in thickness with a 1200 grit 
grinding paper. Once this thickness was reached, the foils were detached dissolving the glue in 
acetone. 
Once thin foils were obtained, 3mm discs were punched from them in the areas of interest. 
The discs were then further ground in a Fischione Model 200 Dimpling Grinder to obtain either 
flat specimens or dimpled specimens with thickness ranging from 30-10 micrometers. Finally, 
electro-polishing thinning was done on the discs using a Struers-TenuPol-5 electropolishing 
machine. A 5% perchloric acid on ethanol solution was used as electrolyte at temperatures between 
-25°C to -15°C and voltages ranging from 18 to 30V.  
After electropolishing, some samples required plasma cleaning or further thinning through 
ion beam TEM mill. Model 1070 NanoClean by Fischione was used for plasma-cleaning TEM 
specimens. Argon was used as gas and the specimens were cleaned while mounted on TEM 
holders. TEM ion milling was performed at a Model 1050 TEM Mill by Fischione.  5.5kV Ar ion 
beams tilted 4 to 5 degrees above and below the specimen were used while the specimen rotated 
continuously on its plane. Magnetization of some specimens was used as a measure to improve 
imaging as suggested by literature[103]. 
5.7.8 Carbon Replica Extractions 
Carbon replica extractions were done for precipitate quantification. The first step consisted 
of grinding, polishing, vibro-polishing and etching the specimens using 3% nital for 20s. Secondly, 
the specimens were masked with transparent tape to leave exposed only the areas of interest. After 
masking, carbon vapor deposition of a 12nm film at 10-5 mBar was done at approximately 3x10-5 
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mBar. The equipment used for C deposition was a Leica EM ACE600 coater. After coating, 
floating of the C film was done by submersion of the specimens in 10% nital. The film was then 
fished and placed in distilled de-ionized water with 5% ethanol for cleaning and stretching before 
the final fishing. Carbon replica extraction technique allowed to extract not only topographical 
features but particles themselves[40, 104]. 
5.7.9 Transmission Electron Microscopy (TEM). 
All TEM observation was performed on a JEOL JEM-2100F equipped with Oxford EDS 
detector and double-tilt holder. The analysis was done using 200kV, spot size 1 and alpha 3. Bright 
field micrographs were taken at eucentric height, with slight underfocus and using a high contrast 
aperture. Stigmation corrections were done at both the condenser and the objective lenses. High-
resolution TEM was done at the thinnest locations of the samples next to the hole produced by 
electropolishing. 
Post-processing and analysis of TEM micrographies and diffraction patterns was done 
using the free software Image J. Particle measurements at magnifications above 20 000X were 
done using the built-in particle analysis tool of the software. Less numerous measurements were 
traced manually. 
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6.0  Experimental Results 
6.1 Austenitic Grain Coarsening Study Results 
Calculations and experimental measurements of Prior-Austenite Grain Size (PAGS) and 
precipitate dissolution derived in the selection of 1200°C as the best austenitization temperature. 
This temperature demonstrated to provide in alloy L, both a homogeneous PAGS and dissolution 
of most alloying elements. 
6.1.1 Thermodynamic Calculations of Dissolution 
The first step to decide on a proper austenitization temperature was based on the calculated 
temperature of dissolution of the possible precipitates in the studied alloys. Dissolution 
temperatures and volume fractions of the possible precipitates in the studied systems were 
calculated assuming thermodynamic equilibrium and using known empirical solubility products. 
Based on these calculations it was decided to test the austenitization temperature above 1100°C. 
At these temperatures the Nb was expected to be homogeneously dissolved so it could later provide 
uniform non-recrystallization conditions. Experimental results proved otherwise, these are 
discussed in sections 6.1.2 and 6.1.3. The calculations were done considering two conditions: with 
and without mutual solubility of (Ti,Nb,V)(C,N). 
Let us consider first the simple (insoluble) precipitates: TiN, TiC, NbN, NbN, AlN, VN, 
VC, and MoC; whose empirical solubility products are available in the literature. The solubility 
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product denotes equilibrium concentrations of the alloying elements at a given temperature. For 
instance, the concentrations of M and N in equilibrium with the precipitate MmNn are given by: 
[𝑴]𝒎[𝑵]𝒏 = 𝑲     (6-1) 
[𝑴] and [𝑵] are mole fractions of M and N in solution and K is the solubility product[105]. The 
solubility product changes with temperature, allowing for dissolution at higher temperatures. 
𝑲 = 𝑲𝒐𝒆𝒙𝒑
−∆𝑯
𝑹𝑻
     (6-2) 
Where ∆H represents the precipitate’s enthalpy of formation in the matrix and Ko is a constant. 
Empirical adaptations use weight percentages instead of molar fractions of the solutes, and express 
the solubility product as: 
𝒍𝒐𝒈 𝑲𝒔 = 𝑨 −
𝑩
𝑻
     (6-3) 
Where T is the temperature of the alloy and the constants A and B are experimentally 
determined. These values were collected for the involved precipitates in an austenitic matrix and, 
combined with mass balance equations, a multiple equation system was produced.  Then, these 
equations were solved in order of precipitate stability as expected from Gibbs free energy of 
formation. The preferable nitride, for instance, is TiN, the remaining N combine to form AlN, NbN 
and VN in that preferential order. Similarly, for carbides, the preferential order for carbon is TiC, 
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NbC, VC, and MoC. This way, the system of equations was solved for the mass fraction of every 
element that is in precipitate form at temperature intervals of 10°C from 200°C to 1500°C.  
Table 6.1 Solubility products utilized, and their sources. 
𝑲𝒔 
𝐥𝐨𝐠 𝑲𝒔 = 𝑨 − 𝑩/𝑻 
Reference 
A B 
[𝑁𝑏][𝐶] 3.42 7900 Gladman[10] 
[𝑁𝑏][𝑁]  2.8 8500 Gladman[10] 
[𝑇𝑖][𝐶] 5.33 10475 Gladman[10] 
[𝑇𝑖][𝑁] 3.82 15020 Gladman[10] 
[𝐴𝑙][𝑁] 1.8 7750 Gao-Baker[64] 
[𝑉][𝐶]0.75  4.45 6560 Turkdogan[81, 106] 
[𝑉][𝑁] 2.86 7700 Turkdogan[81, 106] 
[𝑀𝑜][𝐶] 1.29 523 Pavlina, et al[107] 
 
For instance, consider the presence of N and the possible formation of TiN, AlN, NbN and 
VN. Cooling from high temperatures, the first precipitate to be formed would be TiN. Hence, after 
all the possible TiN has been formed and equilibrium is reached, the following equations must 
hold true: 
𝑵𝑻 = [𝑵] + 𝑵𝑻𝒊𝑵     (6-4) 
𝑻𝒊𝑻 = [𝑻𝒊] + 𝑻𝒊𝑻𝒊𝑵     (6-5) 
Where XT, is the total mass fraction content in the bulk composition of species X, [𝑋], is the mass 
fraction of X that remains in solid solution and XTiN is the mass fraction of the species X in the 
form of TiN. Now, considering the stoichiometric mass ratio of TiN and following the same 
nomenclature, Equation 6-4 can be re-written as: 
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𝐍𝐓 = [𝐍] +
𝟕
𝟐𝟒
𝐓𝐢𝐓𝐢𝐍     (6-6) 
The solid solution contents of N and Ti in equilibrium with TiN are related through the solubility 
product, KTiN. So, substituting TiTiN from Equation 6-1 into Equation 6-6, we can write: 
𝐍𝐓 = [𝐍] +
𝟕
𝟐𝟒
(𝐓𝐢𝐓 +
𝐊𝐓𝐢𝐍
[𝐍]
)    (6-7) 
Now, notice that NT and TiT are known fractions from our bulk composition, and KTiN is known 
as a function of temperature from experimental reports in the literature. Hence, Equation 6-7 can 
be rearranged and solved for [𝑁] as a quadratic equation for every temperature. 
[𝑵]𝟐 + (
𝟕
𝟐𝟒
𝑻𝒊𝑻 − 𝑵𝑻) [𝑵] −
𝟕
𝟐𝟒
(𝒍𝒐𝒈(𝟐. 𝟖) −
𝟖𝟓𝟎𝟎
𝑻
) = 𝟎  (6-8) 
Once [𝑁] is found as the solid solution concentration of nitrogen in equilibrium with TiN, the 
simple mass balance from Equation 6-4 helps us find NTiN, the amount of N in TiN. This way, the 
amount of TiN present at every temperature during cooling is found using the stoichiometric mass 
ratio. 
 Calculations for the mass fraction of every precipitate followed this method. Every new 
calculation considered new mass balance equations, accounting for the mass already precipitated 
in the higher temperature stable precipitates. For instance, when calculating MoC mass fraction, 
the mass balance equation for carbon must consider that precipitations of TiC, NbC and VC have 
already happened. Hence it must be written: 
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𝑪𝑻 = 𝑪𝑻𝒊𝑪 + 𝑪𝑵𝒃𝑪 + 𝑪𝑽𝑪 + 𝑪𝑴𝒐𝑪 + [𝑪]    (6-9) 
When MoC precipitates, however, all other considered carbides are already present, so the amount 
of carbon present in each is known. Hence, the only unknowns in this equation are CMoC and [𝐶]. 
 Considering mutual insolubility of carbo-nitrides and based on the measured chemical 
composition of the lab heats, the total volume fraction, fv, of precipitates calculated for each alloy 
is shown in Figure 6.1. Above 1100°C the total volume fraction of precipitates is the same for all 
the studied alloys. This was naturally expected, since the only remaining precipitate at these 
temperatures is TiN and all three alloys share the same N and Ti contents. These results would 
make us expect similar grain coarsening behavior above 1100°C, meaning Nb content can be 
reduced without grain coarsening problems. 
The volume fraction (fv) of precipitates vs temperature plots in Figure 6.1 (d) show a 
maximum volume fraction of NbC of 0.00056, 0.00079 and 0.00101 for the L, M and H alloys 
respectively. The calculations predicted full dissolution of NbC at 1040°C, 1070°C and 1100°C 
for the L, M and H steels respectively.  Based on these results it was decided to test austenitization 
temperatures above 1100°C to ensure complete dissolution of Nb. 
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(a) (b) 
  
(c) (d) 
Figure 6.1 Predicted precipitate volume fractions without mutual solubility: (a) HTP or High-Nb steel; 
(b) Medium-Nb steel; (c) Low-Nb steel; (d) Total calculated volume fraction, fv, of precipitates. 
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The second type of calculations done considered the mutual solubility of Ti, Nb and V 
carbo-nitrides. Solubility product models that consider the complexity of precipitates mutual 
solubility have been proposed elsewhere[108-110]. We used a simplified system of equations, 
inspired by Xu, et al[111]. A system of 21 equations was reduced to 8 equations and 8 unknowns. 
The eight main equations came from 2 equations of activity of the precipitates, and 6 equations of 
mass balance of C, N, Ti, Nb, V and Al. These 8 equations were fed with the other 13 equations, 
relating solubility products of 7 precipitates (AlN, TiC, TiN, NbC, NbN, VC and VN) and activities 
of the 6 involved components. 
The first two main equations state assumptions of activities equal to 1, for a stable 
precipitate in the matrix. The mutual solubility of TiC, TiN, NbC, NbN, VC and VN is considered, 
so the combined activity of this complex precipitate is 1, whereas AlN is insoluble, so its activity 
remains 1: 
𝒂𝑻𝒊𝑪 + 𝒂𝑻𝒊𝑵 + 𝒂𝑵𝒃𝑪 + 𝒂𝑵𝒃𝑵 + 𝒂𝑽𝑪 + 𝒂𝑽𝑵 = 𝟏   (6-10) 
𝒂𝑨𝒍𝑵=𝟏      (6-11) 
Mass balance provided the other 6 main equations. For every element, the amount present in every 
phase must add up to the total bulk content of that component, MT. Hence, the molar fractions, X, 
of three phases were considered: the matrix, the volume fraction of aluminum nitride, XAlN, and 
the molar fraction of the mutually soluble precipitates, Xcmplx. 
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𝑪𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑪] + (𝒂𝑻𝒊𝑪 + 𝒂𝑵𝒃𝑪 + 𝒂𝑽𝑪)𝑿𝒄𝒎𝒑𝒍𝒙  (6-12) 
𝑵𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑵] + (𝒂𝑻𝒊𝑵 + 𝒂𝑵𝒃𝑵 + 𝒂𝑽𝑵)𝑿𝒄𝒎𝒑𝒍𝒙 + 𝒂𝑨𝒍𝑵𝑿𝑨𝒍𝑵   (6-13) 
𝑻𝒊𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑻𝒊] + (𝒂𝑻𝒊𝑪 + 𝒂𝑻𝒊𝑵)𝑿𝒄𝒎𝒑𝒍𝒙   (6-14) 
𝑵𝒃𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑵𝒃] + (𝒂𝑵𝒃𝑪 + 𝒂𝑵𝒃𝑵)𝑿𝒄𝒎𝒑𝒍𝒙  (6-15) 
𝑽𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑽] + (𝒂𝑽𝑪 + 𝒂𝑽𝑵)𝑿𝒄𝒎𝒑𝒍𝒙   (6-16) 
𝑨𝒍𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑨𝒍] + 𝒂𝑨𝒍𝑵𝑿𝑨𝒍𝑵                (6-17) 
At this point there are 14 unknowns (6 activities, 2 molar fractions and 6 concentrations) that 
outnumber the 8 equations, but the following equations can be considered to simplify the system. 
The activities of all considered nitrides and carbides can be replaced by functions of temperature 
and the activities of the individual elements, utilizing the solubility products, K: 
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𝒂𝑨𝒍𝑵 =
(𝒂𝑨𝒍𝒂𝑵)
𝑲𝑨𝒍𝑵
⁄      (6-18) 
𝒂𝑻𝒊𝑪 =
(𝒂𝑻𝒊𝒂𝑪)
𝑲𝑻𝒊𝑪
⁄       (6-19) 
𝒂𝑻𝒊𝑵 =
(𝒂𝑻𝒊𝒂𝑵)
𝑲𝑻𝒊𝑵
⁄      (6-20) 
𝒂𝑵𝒃𝑪 =
(𝒂𝑵𝒃𝒂𝑪)
𝑲𝑵𝒃𝑪
⁄      (6-21) 
𝒂𝑵𝒃𝑵 =
(𝒂𝑵𝒃𝒂𝑵)
𝑲𝑵𝒃𝑵
⁄      (6-22) 
𝒂𝑽𝑪 =
(𝒂𝑽𝒂𝑪)
𝑲𝑽𝑪
⁄       (6-23) 
𝒂𝑽𝑵 =
(𝒂𝑽𝒂𝑵)
𝑲𝑽𝑵
⁄       (6-24) 
Therefore, the activity of every element may be replaced by the product of the activity coefficient, 
𝛾, of the element, and that element’s concentration in solution [𝑀]. 𝛾 can be written as a function 
of concentrations and Wagner interaction coefficients, 𝑒𝑀1
𝑀2, of every component on a given 
element. These coefficients can be found in the literature: 
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𝒂𝑪 = [𝑪] ∗ (𝒆𝑪
𝑪 ∗ [𝑪] + 𝒆𝑪
𝑵 ∗ [𝑵] + 𝒆𝑪
𝑻𝒊 ∗ [𝑻𝒊] + 𝒆𝑪
𝑵𝒃 ∗ [𝑵𝒃] + 𝒆𝑪
𝑽 ∗ [𝑽] + 𝒆𝑪
𝑨𝑳 ∗ [𝑨𝒍]) (6-25) 
𝒂𝑵 = [𝑵] ∗ (𝒆𝑵
𝑪 ∗ [𝑪] + 𝒆𝑵
𝑵 ∗ [𝑵] + 𝒆𝑵
𝑻𝒊 ∗ [𝑻𝒊] + 𝒆𝑵
𝑵𝒃 ∗ [𝑵𝒃] + 𝒆𝑵
𝑽 ∗ [𝑽] + 𝒆𝑵
𝑨𝑳 ∗ [𝑨𝒍]) (6-26) 
𝒂𝑻𝒊 = [𝑻𝒊] ∗ (𝒆𝑻𝒊
𝑪 ∗ [𝑪] + 𝒆𝑻𝒊
𝑵 ∗ [𝑵] + 𝒆𝑻𝒊
𝑻𝒊 ∗ [𝑻𝒊] + 𝒆𝑻𝒊
𝑵𝒃 ∗ [𝑵𝒃] + 𝒆𝑻𝒊
𝑽 ∗ [𝑽] + 𝒆𝑻𝒊
𝑨𝑳 ∗ [𝑨𝒍]) (6-27) 
𝒂𝑵𝒃 = [𝑵𝒃] ∗ (𝒆𝑵𝒃
𝑪 ∗ [𝑪] + 𝒆𝑵𝒃
𝑵 ∗ [𝑵] + 𝒆𝑵𝒃
𝑻𝒊 ∗ [𝑻𝒊] + 𝒆𝑵𝒃
𝑵𝒃 ∗ [𝑵𝒃] + 𝒆𝑵𝒃
𝑽 ∗ [𝑽] + 𝒆𝑵𝒃
𝑨𝑳 ∗ [𝑨𝒍]) 
 (6-28) 
𝒂𝑽 = [𝑽] ∗ (𝒆𝑽
𝑪 ∗ [𝑪] + 𝒆𝑽
𝑵 ∗ [𝑵] + 𝒆𝑽
𝑻𝒊 ∗ [𝑻𝒊] + 𝒆𝑽
𝑵𝒃 ∗ [𝑵𝒃] + 𝒆𝑽
𝑽 ∗ [𝑽] + 𝒆𝒗
𝑽
𝑨𝑳 ∗ [𝑨𝒍]) (6-29) 
𝒂𝑨𝒍 = [𝑨𝒍] ∗ (𝒆𝑻𝒊
𝑪 ∗ [𝑪] + 𝒆𝑻𝒊
𝑵 ∗ [𝑵] + 𝒆𝑻𝒊
𝑻𝒊 ∗ [𝑻𝒊] + 𝒆𝑻𝒊
𝑵𝒃 ∗ [𝑵𝒃] + 𝒆𝑻𝒊
𝑽 ∗ [𝑽] + 𝒆𝑻𝒊
𝑨𝑳 ∗ [𝑨𝒍]) (6-30) 
Substituting activities from equations 6-25 to 6-30 into equations 6-18 to 6-24, and then 
substituting equations 6-18 to 6-24 into equations 6-10 to 6-17; transforms equations 6-10 to 6-17 
in a system of 8 equations with 8 unknowns. Furthermore, if the solid solution is regarded as dilute, 
due to the very small amounts of solutes; the activities of the individual components can be 
approximated to their concentration in solid solution. This transforms equations 6-10 to 6-17 into 
a much simpler system of 8 equations and 8 unknowns (6 concentrations and 2 molar fractions): 
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[𝑻𝒊][𝑪]
𝑲𝑻𝒊𝑪
+
[𝑻𝒊][𝑵]
𝑲𝑻𝒊𝑵
+
[𝑵𝒃][𝑪]
𝑲𝑵𝒃𝑪
+
[𝑵𝒃][𝑵]
𝑲𝑵𝒃𝑵
+
[𝑽][𝑪]
𝑲𝑽𝑪
+
[𝑽][𝑵]
𝑲𝑽𝑵
= 𝟏  (6-31) 
[𝑨𝒍][𝑵]
𝑲𝑨𝒍𝑵
= 𝟏     (6-32) 
𝑪𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑪] + (
[𝑻𝒊][𝑪]
𝑲𝑻𝒊𝑪
+
[𝑵𝒃][𝑪]
𝑲𝑵𝒃𝑪
+
[𝑽][𝑪]
𝑲𝑽𝑪
) 𝑿𝒄𝒎𝒑𝒍𝒙  (6-33) 
𝑵𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑵] + (
[𝑻𝒊][𝑵]
𝑲𝑻𝒊𝑵
+
[𝑵𝒃][𝑵]
𝑲𝑵𝒃𝑵
+
[𝑽][𝑵]
𝑲𝑽𝑵
) 𝑿𝒄𝒎𝒑𝒍𝒙 + 𝑿𝑨𝒍𝑵   (6-34) 
𝑻𝒊𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑻𝒊] + (
[𝑻𝒊][𝑪]
𝑲𝑻𝒊𝑪
+
[𝑻𝒊][𝑵]
𝑲𝑻𝒊𝑵
) 𝑿𝒄𝒎𝒑𝒍𝒙  (6-35) 
𝑵𝒃𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑵𝒃] + (
[𝑵𝒃][𝑪]
𝑲𝑵𝒃𝑪
+
[𝑵𝒃][𝑵]
𝑲𝑵𝒃𝑵
) 𝑿𝒄𝒎𝒑𝒍𝒙  (6-36) 
𝑽𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑽] + (
[𝑽][𝑪]
𝑲𝑽𝑪
+
[𝑽][𝑵]
𝑲𝑽𝑵
) 𝑿𝒄𝒎𝒑𝒍𝒙   (6-37) 
𝑨𝒍𝑻 = (𝟏 − 𝑿𝒄𝒎𝒑𝒍𝒙 − 𝑿𝑨𝒍𝑵)[𝑨𝒍] + 𝑿𝑨𝒍𝑵    (6-38) 
This system has numerous sets of solutions for a given temperature. Many of these solutions 
include complex and negative numbers, others fail to provide concentration values between zero 
and the bulk content of a component. Discretion was used to choose the right solution and obtain 
a reliable trend. The system of equations was solved with Wolfram Mathematica® computing 
software. 
Figure 6.2 shows the results of this calculation. The reduction of Nb to half, in the Low-
Nb steel, reduces the volume fraction of complex carbo-nitrides. 
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(a) (b) 
Figure 6.2 Volume fractions of precipitates considering mutual solubility of Ti, Nb and V carbo-
nitrides: (a) High-Nb steel; and (b) Low-Nb steel. 
 
6.1.2 Prior Austenitic Grain Size Measurements 
After austenitizing to 1150°C, 1200°C, 1225°C, 1250°C and 1300°C, PAGS were 
measured, results are plotted on Figure 6.3. The 95% confidence interval is shown, as calculated 
from a T-distribution. The effect of high Nb content on the average PAGS is minimum at 
1200°C.This suggests the presence of undissolved particles.  
At 1200°C soaking for 1 hour, the grain size of the Low-Nb steel is homogeneous, despite 
being slightly bigger than steel H.  Abnormal growth starting at 1225°C for all three steels, 
demonstrating these Nb variations do not affect the onset of grain coarsening considerably.  
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In Figure 6.4 micrographs from steel L are compared for austenitizations at 1200°C and 
1250°C for 1h.  The inhomogeneity of the 1225°C sample contrasts with the more uniform PAGS 
of the 1200°C sample, signaling abnormal growth.  
 
Figure 6.3. Averaged prior austenite grain diameter of austenitization for 60 min. 95% confidence 
interval shown. L stands for low, M for medium and H for high Nb content. 
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Figure 6.4  Alloy L austenitized for 1h and quenched, etched with picric aqueous solution. Abnormal 
grain growth can be noticed at 1225°C. 
Zener model for precipitate-limited grain size was utilized to predict a PAGS. Results on 
Figure 6.5 show coarsening starting at 1250°C for the Low-Nb and 1300°C for the High-Nb alloy. 
Three other models by Gladman-Hillert[57], Rios[58, 59], and Nishizawa, et al.[56] were used, 
predicting one order of magnitude smaller PAGS. However, a bigger mismatch is there if the 
measured precipite volume fraction is used for estimating the PAGS. The estimation is too little 
compared to experimental results, these models need further reviewing for the present alloys. 
 Reconstructed austenite EBSD-OIM maps were utilized as a third method of grain size 
verification. EBSD maps were produced from the austenitized-quenched specimens. The maps 
were post-processed using MTEX to re-construct PAGS, utilizing the method proposed by 
Nyyssönen, et al[99]. A good match between the traditional method and the reconstructed EBSD 
map can be observed in Figure 6.6. The results agree with the chemically-etched based 
measurements. Figure 6.7 and Figure 6.8 illustrate a comparison of the chemical and the electronic 
methods. 
 
1200°C 1225°C 
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(a) (b) 
Figure 6.5. Experimentally determined PAGS compared to calculated predictions. 
 
Figure 6.6. EBSD-OIM from (a) High-Nb steel austenitized to 1150°C for 1h and quenched; (b) its 
corresponding reconstructed austenite EBSD-OIM; (c) the calculated deviation of the reconstruction process. 
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(a) (b) (c) (d) 
  
  
(e) (f) (g) (h) 
Figure 6.7 PAGS from 1h austenitizations High-Nb: (a) 1150°C, (b) 1200°C, (c) 1250°C and (d) 1300°C and Low-Nb: (e) 1150°C, (f) 1200°C, (g) 
1250°C and (h) 1300°C. All images are 440X560μm, obtained after picral etching. 
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(a) (b) (c) (d) 
    
(e) (f) (g) (h) 
Figure 6.8 Reconstructed EBSD maps of austenite from austenitized and quenched specimens. High-Nb 1h at: (a) 1150°C, (b) 1200°C, (c) 1250°C 
and (d) 1300°C. Low-Nb 1h at: (e) 1150°C, (f) 1200°C, (g) 1250°C and (h) 1300°C. All images are 150 X 190 um.
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Prior austenite grain size EBSD maps reconstruction allowed for GB misorientation 
analysis. GB misorientation maps are shown in Figure 6.9. As a general trend, low angle GBs from 
approximately 25° to 45° are abundant at low temperatures of austenization. They gradually reduce 
in fraction as the austenitization temperature increases, whereas GBs with misorientations higher 
than 50° increase as the grains coarsen at higher austenitization temperatures.  
    
(a) (b) (c) (d) 
    
(e) (f) (g) (h) 
Figure 6.9 Prior austenite GB misorientation maps of High-Nb specimens austenitized for 1h at: (a) 
1150°C, (b) 1200°C, (c) 1250°C and (d) 1300°C; and of Low-Nb alloy austenitized to (e) 1150°C, (b) 1200°C, (c) 
1250°C and (d) 1300°C. 
This behavior is more evident at the histograms of GB misorientation Figures Figure 
6.10Figure 6.11. In Figure 6.10 the peak of GB misorientation above 50° is clearly increasing with 
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austenitization temperature. Whereas boundaries between 20° and 45°h misorientation decrease, 
suggesting higher mobility of these GBs. 
 
Figure 6.10 Austenite GB misorientation histogram from austenitization of Low-Nb steel at different 
temperatures for 1h. Obtained from reconstructed austenite maps. 
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Figure 6.11 Austenite GB misorientation histogram from austenitization of High-Nb steel at different 
temperatures for 1h. Obtained from reconstructed austenite maps. 
Similar GB misorientation observations have been associated with faster PPT coarsening 
and have been considered crucial to the onset of grain coarsening [86, 112-115]. 
The GB character has been observed to influence the way PPTs coarsen and consequently 
their effectiveness at pinning GBs in diverse alloying systems[86, 114-117]. One example comes 
from aluminum with alumina particles. In a study by Tweed, et al. [118], alumina particles pinned 
low-angle GBs better than they did high-angle GBs. In the former case, the pinning was even 
stronger than what the Zener relation predicted. This example suggests that GB character 
distribution affects grain growth.  
A second example comes from electric steels, where the frequency of GB with 
misorientations between 20° and 45° decreases with increasing austenization holding time. 
Simultaneously, GB with misorientations less than 15° and higher than 50° increase in 
frequency[113, 114]. These observations suggest a higher mobility of the boundaries in the former 
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group. Similar examples are found elsewhere[86, 115, 117]. A general observation from these 
studies is that the high mobility of GBs with 20°-50° misorientation facilitates grain coarsening. 
Results from Low-Nb steel agree with these observations. 
6.1.3 Precipitates Measurements 
Experimental evidence suggests the dissolution of particles containing Nb was not 
complete in any of the tested austenitization conditions.  Tested temperatures were 1150°C, 
1200°C, 1250°C and 1300°C with 1 hour soaking time. NbC dissolves at 1096°C according to 
calculations based on solubility products in section 6.1.1. The presence of NbC and Nb-Ti complex 
carbonitrides was assessed by SEM and TEM on the reheated samples. Incomplete dissolution of 
Nb has a positive effect in austenite grain size control, this supports the possibility of using Low-
Nb alloy. 
Precipitation size measurements were done using SEM and TEM micrographs. TEM’s 
higher resolution allowed the observation of small-sized abundant precipitates. Micrographs were 
taken from random locations to ensure a representative sample. Based on the TEM micrographs, 
measurements of the precipitates’ volume fraction and size were obtained.  
The results of the dissolution study by TEM are plotted on Figure 6.12. 95% confidence 
intervals are shown in error-bars. The enlarged confidence index at samples austenitized to 1300°C 
is the result of Ostwald ripening and the presence of very few particles in the explored area. The 
explored area, however, was representative, especially for measuring particles in samples 
austenitized below 1300°C. As expected, the volume fraction decreases as austenitization 
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temperature increases. Average particle size, on the other hand, increased with austenitization 
temperature.  
The stability of Nb-rich precipitates was higher than expected at temperatures above 
1100°C. The average diameter of observed particles is very similar for both alloys up to 1250°C, 
then it increases dramatically at 1300°C amid a volume fraction reduction.  The dissolution of 
small particles and Ostwald ripening of the big particles are the responsible phenomena for this 
average size increase. 
  
(a) (b) 
Figure 6.12. (a) Average particle diameters at the different austenitization temperatures with soaking 
time of 1h; (b) corresponding volume fraction of precipitates and pinning force.  
The pinning force associated to the particles was calculated using Zener’s model as 
expanded by Gladman for flexible boundaries[119]. 
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𝑭𝑷𝑰𝑵 = 𝟒𝒓𝝈𝑵𝒔     (6-39) 
Where, r, is the mean average particle radius, σ, is the interfacial energy particle/austenite per unit 
area and Ns, is the number of particles per unit area, that for a flexible boundary is given by[62]: 
𝑵𝒔 =
𝟑𝒇𝒗
𝟐/𝟑
𝟒𝝅𝒓𝟐
      (6-40) 
Where fv, is the volume fraction of particles and, r, the mean particle radius. Pinning force 
calculations showed a trend dominated by volume fraction. The pinning force was high at 
austenitizing temperatures below 1250°C for both alloys. In the Low-Nb steel, the pinning force 
was only 21% below the High-Nb alloy. This allowed for both alloys to have homogeneous and 
very similar grain size at 1250°C. 
Size distribution of precipitates, shown in Figure 6.13, was analyzed in two categories for 
better visualization: precipitates smaller than 40nm, namely small precipitates and precipitates 
40nm and bigger, namely big precipitates. The size distribution change with temperature evidences 
the simultaneous occurrence of Ostwald ripening phenomena and dissolution. Fortunately, the 
small particles show considerable stability at 1250°C and below in the Low-Nb steel. 
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(a) (b) 
  
(c) (d) 
Figure 6.13 Distribution of particle size: (a) and (b)Particles smaller than 40nm; (c) and (d) particles 
bigger than 40nm. 
The first observations were made on SEM at random areas, these included randomly 
selected grain boundaries, intergranular regions and triple boundaries. SEM showed presence of 
mostly complex carbides containing both Nb and Ti, with about 300 nm in size. A few Nb-only 
(i.e. without Ti) particles, much smaller, were observed. However, in specimens austenitized to 
1250°C and 1300°C these Nb-only particles were not found using SEM.  
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Complex carbides were predominating at the highest temperatures, containing both Nb and Ti in 
the same particle. This can be due to the NbC nucleating on TiN epitaxially as reported 
elsewhere[94, 120-126] or due to complex particles. The coarsened particles were complex 
(Nb,Ti)(C,N) with various compositions. Particle coarsening by Ostwald ripening is well-known 
to occur at temperatures where there is high solute diffusivity and the particles are stable. Many of 
these particles were single-phase solid solution complex precipitates, whereas others showed 
diverse epitaxial morphologies. 
The carbides were identified by TEM analysis, confirming their complexity. Dark Field 
(DF), Bright Field (BF), EDS and Selected Area Diffraction Pattern (SADP) were used. In Figure 
6.14 a NbC particle precipitated at the TiN habit plane is shown. SADP is consistent with TiN 
(004) interplanar spacing. SADP shows plane (101) from NbC is parallel to (002) from the Fe (α’) 
matrix. This is evidence of coherence between the two particles. EDS detected Ti and Nb. V was 
also detected, it is undeterminable by this technique whether V is in the matrix, or at the particles.  
Coherency was found by HRTEM in big complex particles, an example is presented in 
Figure 6.15. At the matrix/particle interface, the fringes are continuous. The Fast Fourier 
Transform (FFT), shown to the right of the micrograph shows parallelism between planes [2 0 2] 
from the carbide, and plane [2 0 0] from the matrix. 
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Figure 6.14 BF-DF, SADP and EDS of a precipitate found in Low-Nb steel. 1200°C 1h. 
Nb-rich particles were a common finding among the particles bigger than 50nm. NbC grew 
on pre-existing TiN forming the early stages of cruciform complex precipitates. This kind of 
precipitate nucleation has been reported in previous research works[94, 125, 126] as being formed 
during the solidification process. In the present study, the reheating conditions are not enough to 
completely dissolve these complex particles. These particles have reportedly been effective at GB 
pinning and recrystallization inhibition[69]. 
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EDS Si Ti Mn Fe Cu Nb 
at% / wt% 0.74 / 0.4 3.21 / 2.8 1.38 / 1.4 91.1 / 91.1 2.83 / 3.2 0.73 / 1.2 
 
Figure 6.15. HRTEM, FFT and EDS of a precipitate in Low-Nb steel, 1200°C 1h.  
Precipitates on Figure 6.16 are examples of the complex precipitates found in both alloys 
within the 1150°C to 1300°C austenitization temperature range. Figure 6.16 (a) is a particle found 
in Low-Nb steel austenitized to 1300°C for 1h. Diffraction shows the ⌊0  1  0⌋ zone axis from 
where the beam [4 0 2] was used to produce the corresponding DF image. This DF shows only 
half of the particle, evidencing the bicrystalline nature of the particle. The precipitate on Figure 
6.16 (b) is an example of the presence of these complex precipitates at low austenitization 
temperatures. It was found in High-Nb steel austenitized to 1150°C for 1h. Again, the DF reveals 
the bicrystalline nature of this particle. 
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(a) 
   
(b) 
Figure 6.16  BF, DF and SADP of complex particles: (a) Low-Nb steel 1300°C for 1h; (b) High-Nb steel 
1150°C for 1h. 
Dissolution of precipitates was first calculated using thermodynamic equilibrium 
conditions. Later, experimental measurements were done. The measured precipitation behavior 
did not follow the thermodynamic predictions, the experimental volume fractions of Nb-bearing 
particles exceeded the calculated ones. This evidence suggests that reheating was not done under 
equilibrium conditions.  Despite incomplete dissolution of all alloying elements, 1200°C continues 
to be the best reheating temperature, for inhomogeneous PAGS cannot be afforded. 
Comparing calculated to experimentally measured precipitate volume fraction, a shift in 
the dissolution behavior is observed, see Figure 6.17. Experimentally measured volume fraction is 
g
402
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higher than equilibrium conditions. After 1h of soaking at temperatures above 1100°C, complete 
dissolution of NbC was theoretically expected. Evidently, those equilibrium conditions are not 
reached, so dissolution is delayed. At these temperatures Nb was found in complex particles 
containing both Nb and Ti, either in mutual solid solution or in epitaxially grown particles. 
 
 
(a) 
 
(b) 
Figure 6.17 Experimental volume fraction of precipitates, compared to the calculated expectations: (a) 
High-Nb steel; (b) Low-Nb steel. 
The particles’ morphology and complexity may explain the higher experimental volume 
fraction of precipitates, as compared to the calculated one. Two phenomena can be directly 
associated to the difficult dissolution of epitaxially grown precipitates: the reduction of 
matrix/particle surface area, and the low energy of particle/particle interfaces. Both phenomena 
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hurdle the dissolution process. TEM evidence clearly shows complex carbonitrides that may be 
retarding dissolution. The unexpected resistance to austenitic grain coarsening of the Low-Nb steel 
can be understood as a consequence of complex carbide formation. 
6.2 Deformation and Recrystallization Results 
6.2.1 Experimental Hot Properties of Studied Alloys 
The deformation and recrystallization behavior of the three alloys was analyzed from plain-
strain hot compression experiments at a Gleeble machine. A set of deformation steps of 20% 
reduction each, with interpass times of 20s was performed on each allow at different temperature 
range to experimentally determine the temperature below which full recrystallization is not 
achieved (Tnr). The Mean Flow Stress (MFS) was experimentally determined. Tnr showed 
sensibility to Nb content, as expected, whereas MFS was insensitive to it. 
The experimental range of temperature for these tests was based on Tnr predictions by 
empirical equations (See Table 6.2). Equations by Boratto, Bai and Fletcher[127] are among the 
most accurate in predicting Tnr[81]. However, Boratto equation is based on chemical composition 
only, disregarding strain, and even fails to consider N content, a strong precipitate former. Bai 
developed an equation in 2011 including N content as an important factor but disregarding strain. 
Bai also developed a model for Tnr considering the effect of strain, the well-known driving force 
for recrystallization. This model was modified by Fletcher to produce an empirical equation 
combining chemical and strain effects. All equations acknowledge the remarkable influence of Nb 
content on Tnr.  
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Table 6.2 Empirical models for prediction of Tnr [81]. 
𝑇𝑛𝑟 = 887 + 464𝐶 + (6445𝑁𝑏 − 644√𝑁𝑏) + (732𝑉 − 230√𝑉)
+ 890𝑇𝑖 + 363𝐴𝑙 − 357𝑆𝑖 
Boratto 
𝑇𝑛𝑟 = 𝛽𝑒
−0.36𝜀 Bai 1993 
𝑇𝑛𝑟 = 174𝑙𝑜𝑔 [𝑁𝑏 (𝐶 +
12
14
𝑁)] + 1444 Bai 2011 
𝑇𝑛𝑟 = 203 − 310𝐶 − 149√𝑉 + 657√𝑁𝑏 + 683𝑒
−0.36𝜀 Fletcher 
 
Fletcher equation was used to determine Tnr in the three steels as a function of strain. 
JMAT Pro software was used to determine the critical temperature Ar3. Both are plotted in Figure 
6.18. Fletcher predictions helped design the experiments for determining Tnr on the three steels. 
 
Figure 6.18 Tnr and Ar3 predictions by Fletcher equation and by JMAT Pro software respectively. 
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Deformation experiments consisted of repeated 20% reduction passes with 20s interpass 
times at temperature intervals of 50°C. A comparison between the behavior of the three steels is 
provided in Figure 6.19. Notice the almost continuous strain hardening of steels with high Nb at 
975 and 925°C, indicating non-recrystallizing conditions. The change of strength with respect to 
temperature was used as indication for Tnr.  
 
Figure 6.19 Stress-strain recordings of 5 compression heats. 
Hot compression tests with more than six deformation passes were prone to failure, hence, 
only five passes-experiments were used for determining Tnr. In order to have a finer resolution, 
two sets of deformations were run for each composition with an offset of 25°C. This yield ten 
deformations with 25°C offsets as shown in Figure 6.20. 
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Figure 6.20 High- Nb stress-strain plot of all deformations performed for TNR determination. 
 
Strength-temperature plots from Figure 6.21 show a transition of the change of strength 
with temperature. The rate of change is low and uniform at high temperatures, then suddenly 
increases at low temperatures. This change is associated to the transition from full-recrystallization 
to non-recrystallization conditions[81]. 
Having fully recrystallized strain-free grains after every pass, means strain hardening is not 
accumulated. The increase of strength as temperature decreases must then only come from grain 
refinement and a decrease in dislocation mobility. At lower temperatures, as NbC particles start to 
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precipitate, complete recrystallization is not achieved, and strain hardening begins to accumulate. 
This transition was clear for both High-Nb and Low-Nb steel. Figure 6.21 shows how the transition 
from recrystallization to non-recrystallization does not match the predictions by Fletcher equation, 
in red. 
  
(a) (b) 
Figure 6.21 Experimental observance of TNR. Experimentally determined Tnr for the two alloys of 
interest presented in Table 6.3. Both alloys transition temperatures differ from predictions. Recrystallization 
models need reviewing. 
Table 6.3 Temperatures of no-recrystallization. 
 Experimental Tnr Boratto 1988 Fletcher 2008 Bai 2011 
Low Nb ~975°C 1100°C 935°C 1001°C 
High Nb ~1025°C 1309°C 984°C 1043°C 
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The experimental determination of MFS was based on thorough analysis of the flow curves 
(See Figure 6.22). First, the slope of the elastic zone was measured and the 0.2% offset linear 
function was determined. Second, the intersection from the 0.2% linear function and the 
experimental data was used to mark the yield stress. Third, the elastic zone area was determined 
using Matlab. Finally, the experimental formula could be applied. 
𝑴𝑭𝑺 =
𝟏
𝜺𝟏−𝜺𝟎
∫ 𝝈 𝒅𝜺
𝜺𝟏
𝜺𝟎
     (6-41) 
Where 𝜺𝟎 and 𝜺𝟏 represent strain at yield and at ultimate strength respectively, and the integral 
denotes the area below the elastic region curve. 
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Figure 6.22 Illustration of the MFS experimental extraction procedure. 
  
y = 2630.8x - 4374.9
0
50
100
150
200
250
1.6 1.7 1.8 1.9 2 2.1
St
re
ss
 (
M
P
a)
Strain
909°C – High Nb
Data
Plastic
Elastic
0.002 Offset
Linear (Elastic)
Linear (0.002 Offset)
 109 
Equation 6-42 was proposed by Misaka and Yoshimoto[128] for predicting MFS as a 
function of strain, ε, strain rate, ?̇?, and carbon content in solid solution [𝑪]. 
𝑴𝑭𝑺 = 𝒆
(𝟎.𝟏𝟐𝟔−𝟏.𝟕𝟓[𝑪]+𝟎.𝟓𝟗𝟒[𝑪]𝟐+
𝟐𝟖𝟓𝟏+𝟐𝟗𝟔𝟖[𝑪]−𝟏𝟏𝟐𝟎[𝑪]𝟐
𝑻
)𝜺𝟎.𝟐𝟏?̇?𝟎.𝟏𝟑
   (6-42) 
This equation was later improved by Siciliano, et al[68], accounting for Mn content, accumulated 
strain and static and dynamic recrystallization: 
𝑴𝑭𝑺 = (𝟎. 𝟕𝟖 + 𝟎. 𝟏𝟑𝟕[𝑴𝒏]) ∗ (𝑴𝑭𝑺𝑴𝒊𝒔𝒂𝒌𝒂) ∗ (𝟏 − 𝑿𝒅𝒚𝒏) + 𝑲𝝈𝒔𝒔𝑿𝒅𝒚𝒏    (6-43) 
Where [𝑀𝑛] is the manganese content in solution, 𝜎𝑠𝑠, is the steady state stress necessary for 
dynamic recrystallization, and 𝑋𝑑𝑦𝑛 is the softening from the peak to the steady state stress.  
Misaka, et al. and Siciliano et al. models were applied to the experimental conditions. A 
comparison between predictions and experimental measurement of MFS is presented in Figure 
6.23. Experimental MFS values show a slightly different slope than predicted. It appears that there 
are two independent trends, one for recrystallizing conditions and another for non-recrystallizing 
conditions. Misaka and Siciliano models are pretty good at predicting MFS for this alloy, even 
though Misaka’s model does not explicitly account for recrystallization effects. 
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(a) (b) 
Figure 6.23 Comparison of experimental MFS to Misaka, et al model. 
The experimental MFS results show a jump when recrystallization stops happening below 
Tnr. Experimental data shows two linear behaviors with the change of slope at Tnr. Misaka and 
Siciliano models sow a rather exponential trend but manage to predict the values closely. 
6.2.2 Recrystallization Control 
With the purpose of determining what controls recrystallization in these steels, a set of 
specimens was deformed, quenched and characterized. Specimens from both alloys were 
repeatedly deformed and after the 975°C cooled down to 925°C in 20s and quenched. The red spot 
in Figure 6.24 marks the point at which these specimens were quenched. Notice that this point 
represents the transition to non-recrystallization for the Low-Nb steel, while the High-Nb steel has 
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already entered said condition before the 975°C pass. Hence, the High-Nb steel should have 
accumulated strain, whereas Low-Nb steel should be recrystallized for the last time. Comparison 
of the specimens’ characterization was oriented to understand the two different recrystallization-
control behaviors.  The question was whether recrystallization is stopped by precipitation or solute 
drag. 
 
Figure 6.24 Illustration of the experiment for comparing recrystallization behavior differences. The 
red point represents where specimens were quenched. 
The first important measurement is the precipitate analysis. The measured volume fraction 
was 0.0015 for the High-Nb and 0.00068 for the Low-Nb. Size distribution, in Figure 6.25, shows 
similar distribution of size, the average particle diameter was 76.7nm and 77.8nm for the High and 
Low-Nb respectively. In other words, the precipitates are the same size and distribution, and the 
Low-Nb steel shows half the amount the High-Nb does. 
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(a) (b) 
Figure 6.25 Precipitate size distribution of samples deformed in 5 hits deformed and quenched 20s 
after 975°C hit. 
Once the precipitates had been measured, the pinning force was calculated, according to 
Zener equation and Gladman’s flexible boundary model. Recrystallization force was calculated 
using the method by Palmiere, et al[62].  
𝑭𝑹𝑿𝑵 =
𝟏𝟐.𝟓∆𝝈𝟐
𝝁
     (6-44) 
Where ∆𝝈, is the increase from yield strength to ultimate strength, and 𝝁, stands for the shear 
modulus of austenite, approximately 40 GPa. Table 6.4 shows the results of these calculations. In 
the case of High-Nb steel, FPIN is lower than FRXN, however the experimental behavior indicated 
non-recrystallyzation conditions were attained. This means that an additional force could be 
opposing GB migration.  
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Table 6.4 Recrystallization force vs pinning force comparison. 
 FPIN FRXN 
High-Nb 0.0323MPa 0.525 MPa 
Low-Nb 0.0141MPa 0.151 MPa 
Another type of force that opposes GB movement is the solute drag force.  As explained in 
section 3.1.3, segregation of solutes at GB’s vicinity can lower the GB’s energy and mobility. To 
verify if this phenomenon was occurring in any of the two steels, WDS Electron Probe 
Microanalysis (EPMA) was performed across GBs. After sixteen line-analyses where all found 
elements concentrations were plotted against location, only a few examples showed slight 
segregation of C, Nb and P. Figure 6.26 shows an example of the few segregation cases found. 
The concentration line of Nb shows a trend increasing towards the GB. However, the change is 
too abrupt, it may be related to a precipitate. The carbon concentration profile is more likely to 
represent segregation although this is minimal. 
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Figure 6.26 EPMA of High-Nb steel deformed to 975°C and quenched after 20s. 
As a general observation, the cases of segregation were limited and precipitation abundant. 
It was evident that precipitates and not solutes were responsible for recrystallization control. Later 
experiments (reported in next section) proved that the missing force in Table 6.4 comes from more 
precipitates that were not resolved with SEM. 
EDS analysis of the precipitates in SEM and TEM showed abundant occurrence of complex 
precipitates containing Nb, Ti and sometimes V.  Few examples contained Nb only. Standalone 
NbC precipitates were considerably smaller than the complex (Ti,Nb)(C,N) particles. Figure 6.27 
was obtained from the Low-Nb steel specimen, deformed repeatedly, down to 975°C, then cooled 
down to 925°C in 20 seconds and quenched. At experimental Tnr, the complex precipitates are big 
and abundant and the simple NbC are smaller and minority. 
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Similar is the case of High-Nb steel, although the volume fraction is bigger in this case. 
Figure 6.28 was obtained from the High-Nb steel quenched as deformed in non-recrystallization 
conditions, approximately 100°C below its Tnr.  Thin foils were prepared and analyzed in TEM. 
The complexity of precipitates was revealed. Similar precipitates to those in reheated specimens 
were found, see Figure 6.29.  
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Spectrum 
(Wt%) 
C N Si Ti V Cr Mn Fe Nb 
40 10.38  0.22    1.47 86.36 1.57 
41 10.3 3.24 0.29 1.57  0.32 1.37 81.38 1.53 
42 10.12 3.41 0.31 2  0.36 1.29 80.87 1.63 
43 10.94  0.33   0.27 1.57 85.89 1 
44 11.03  0.27 0.76  0.26 1.52 83.62 2.53 
46 10.1 2.95 0.35 0.9 0.22 0.25 1.36 82.75 1.13 
47 11.65  0.24    1.57 83.69 2.85 
48 10.37 3.62 0.31 2.25 0.24 0.28 1.22 80.06 1.65 
 
Figure 6.27 SEM-EDS analysis Low-Nb steel deformed to 975°C and quenched after 20s. At Tnr. 
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48 
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Spectrum 
(Wt%) 
B C Si P Ti Cr Mn Fe Nb 
102  6.45   1.05 0.25 1.45 86.37 4.42 
107  8.07 0.26  0.36 0.33 1.46 84.77 4.74 
110 7.27 11.14 0.23 0.05 0.03  1.46 79.81  
111  8.97 0.25   0.27 1.45 80.7 8.36 
112  7.67 0.21  0.53 0.28 1.54 85.59 4.19 
113  8.98 0.34  1.01  1.52 82.16 5.99 
114 13.99 9.29 0.16  0.71 0.24 1.13 67.92 6.56 
119  10.22 0.31   0.27 1.55 87.12 0.54 
 
Figure 6.28 SEM-EDS analysis High-Nb steel deformed to 975°C and quenched after 20s. 100°C below 
experimental Tnr. 
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(a) 
 
(b) 
 Wt% 
C 6.4 
N 14.6 
O 66.42 
Si 0.13 
Cl 0.5 
Ti 0.72 
V 0.02 
Cr 0.02 
Mn 0.04 
Fe 2.02 
Cu 0.08 
Nb 9.06 
 
 
  Wt% 
O 76.28 
Si 0.7 
Cl 1.83 
Ti 0.27 
V 0.04 
Cr 0.07 
Mn 0.22 
Fe 9.29 
Cu 0.35 
Nb 10.96 
 
(c) (d)  
 
  Wt% 
N 75.65 
Si 0.73 
Cl 0.39 
Ti 1.45 
V 0.07 
Cr 0.08 
Mn 0.29 
Fe 12.28 
Cu 0.38 
Nb 8.68 
 
(e) (f)  
Figure 6.29 BF-DF and EDS of complex particles from deformed-delayed-quenched specimens of: (a), 
(b), (c) and (d) High-Nb Steel; (e) and (f) Low-Nb steel. 
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SEM had already shown the abundance of complex precipitates and TEM verified their intricate 
polycrystalline structure. Focused beam EDS performed in TEM showed simultaneous presence 
of Nb, Ti and V in these particles. The presence of this type of precipitates has reportedly lower 
the occurrence of strain induced NbC precipitates[94]. Strain-induced precipitation is minority in 
the present steels, there is not considerable solute segregation and Tnr was higher than predicted 
by empirical equations.  It follows that the presence of complex particles must be responsible for 
recrystallization inhibition at 975°C in the present steels. 
6.2.3 Recrystallization Inhibition at the Transfer Bar 
To simulate what happens at the transfer bar, roughing simulation experiments were 
followed by a delay time. During this delay the specimen cooled as precipitates formed and 
achieved non-recrystallization conditions. The microstructure and precipitates before and after the 
delay time were studied to determine what controls recrystallization in both processes. 
  During rough deformation simulations, recrystallization was allowed through high 
deformation-high temperature passes. The conventional process comprises 75% thickness 
reduction in roughing, distributed in 6 passes. The IRCR process utilizes 85% deformation 
distributed in 8 passes (the first four passes were simplified in only two, hence both processes 
consisted of six passes). The more intensive roughing deformation of IRCR was expected to 
enhance precipitation and produce non-recrystallization conditions utilizing less alloying. 
 Microstructure of the specimens quenched right after the last deformation pass are shown 
in Figure 6.30 Optical micrograph of specimens quenched right after Conventional RCR roughing. 
Specimens processed by IRCR show finer microstructure than conventional RCR specimens. The 
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grain size refines due to deformation-recrystallization cycles, and more nucleation area is provided 
which is beneficial for final properties. 
  
  
  
Figure 6.30 Optical micrograph of specimens quenched right after Conventional RCR roughing. 
After the last roughing pass, a delay time was allowed for simulating the transfer bar. 
During this time the steel can recrystallize for the last time and precipitates form, that will prevent 
Conventional High-Nb Conventional Low-Nb 
IRCR High-Nb IRCR Low-Nb 
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further recrystallization. Figure 6.31 shows the austenitic microstructure after the delay time. This 
can be regarded as the microstructure of the steel as it enters finishing deformation.  
  
  
  
Figure 6.31 Optical micrographs of PAGS after roughing simulation + transfer bar simulation. 
The comparison of precipitation before and after transfer bar simulation provided 
remarkable results that support the hypothesis. Samples were deformed following the roughing 
CCR High-Nb CCR Low-Nb 
IRCR High-Nb IRCR Low-Nb 
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schedules of 75% thickness reduction for CCR and 85% for IRCR. The samples were quenched 
right after the last deformation pass. The experiments were repeated, but this time the transfer bar 
was simulated by a delay-time after the last roughing deformation, then quenched. In Figure 6.32, 
measurements of the precipitate size and volume fraction are presented for both High-Nb (H) and 
Low Nb(L). The 95% confidence intervals are shown at the size charts. Figure 6.32 shows more 
precipitate content in every steel, when processed by IRCR than CCR. This is true before and after 
the transfer bar. It is remarkable that the Low-Nb steel, processed by IRCR, has more precipitates 
than the High-Nb steel processed by CCR. The higher volume fractions in IRCR can be explained 
as a consequence of the higher strain applied in roughing. This is called strain induced 
precipitation. Having bigger precipitates and volume fraction in the IRCR process is indication 
that precipitation was optimized. 
An example of the precipitation at the transfer bar of IRCR process can be seen in figure 
Figure 6.33. The big precipitates were observed after reheating, so it is assumed they are pre-
existing to roughing. The new precipitation, during roughing and transfer bar, happens in little 
~3nm particles and on the pre-existing particles. 
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(a) (b) 
 
(c) 
Figure 6.32 Precipitation measurements before and after transfer bar simulation. H stands for High-
Nb and L for Low-Nb 
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Figure 6.33 TEM micrograph of IRCR Low-Nb steel after transfer bar. 
Precipitate volume fractions obtained from measurements after transfer bar simulations in 
Figure 6.34 provide pinning forces that inhibit recrystallization. Using the Zener’s flexible model 
(from Table 3.2) the pinning forces after transfer bar are 9.54 MPa and 8.94MPa for High-Nb and 
Low-Nb steels respectively. Meanwhile, the recrystallization force (see Equation 6-44) given the 
increase in stress is 0.18 and 0.23MPa for high-Nb and low-Nb steels respectively. These values 
guarantee no-recrystallization conditions for finishing operations, regardless of any solute drag 
that could be present. 
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Average PPT size 10.94 nm 
SD 6.90 nm 
Volume fraction 0.00456  
 
Average PPT size 11.50 nm 
SD 6.90 nm 
Volume fraction 0.01926  
 
(a) (b) 
  
Average PPT size 10.06 nm 
SD 4.87 nm 
Fraction 0.00491  
 
Average PPT size 10.21 nm 
SD 5.26 nm 
Volume fraction 0.01476  
 
(c) (d) 
Figure 6.34 Precipitate size distribution of IRCR steels: (a) High-Nb Q; (b) High-Nb DQ; (c) Low-Nb 
Q and (d) Low-Nb DQ. 
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6.2.4 Austenite Conditioning During Hot Deformation Experiments 
Austenite conditioning was evaluated utilizing two techniques: by measuring the effective 
nucleation area, Sv, and by mapping the Kernel Average Misorientation (KAM) through EBSD. 
Both techniques agreed in the high nucleation potential of the IRCR process, this later derived in 
fine-homogeneous microstructure.  
Mathematically, the Sv value is defined by Kozasu as[129]: 
𝑺𝑽(𝒈𝒃 + 𝒅𝒃) = 𝟎. 𝟒𝟐𝟗(𝑵𝑳)|| + 𝟏. 𝟓𝟕𝟏(𝑵𝑳)˔   (6-45) 
Where (𝑁𝐿 )|| and (𝑁𝐿)˔ represent the number of intersections per unit length in the directions 
parallel and perpendicular to the elongated grains. The counting was done manually with the aid 
of the software ImageJ (See Figure 6.35) considering a total of 5000μm in every direction. 
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Figure 6.35 Counting of intersections for measurement of Effective Nucleation Area, Sv. Sample 
deformed by IRCR process and quenched immediately after last pass. 
The Sv value was obtained from the samples quenched right after the last roughing 
deformation (Figure 6.36) and the samples quenched after the delay time that simulates transfer 
bar (denoted as DQ). The results presented in Figure 6.36 show a slightly higher Sv value for the 
specimens deformed by IRCR. This result is naturally expected due to the higher deformation. The 
higher Sv value for IRCR at this point of the process provided a positive feedback for the 
possibility of a fine and homogeneous microstructure with Low-Nb. 
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Figure 6.36 Effective Nucleation Area (Sv) results from specimens after roughing simulation. 
Electron Backscatter Diffraction maps were built from specimens quenched right after the 
last roughing pass. From the martensitic EBSD maps austenitic maps were obtained as explained 
before. Then KAM maps were generated from the regenerated austenitic EBSD maps.  KAM maps 
are widely accepted for observance of Geometrically Necessary Dislocations (GND). KAM maps 
on Figure 6.37 show a dislocation-rich microstructure generated form the IRCR process. The KAM 
on Low-Nb steel rivals that of the High-Nb on both conventional and IRCR processes. From these 
results it is apparent that at this point of the process the High-Nb steel offers no advantage over 
the Low-Nb steel. 
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(a) (b) 
  
(c) (d) 
Figure 6.37 KAM maps from regenerated austenite EBSD maps of specimens quenched right after last 
roughing pass. Color code shows misorientation in degrees. 
  
CCR High-Nb CCR Low-Nb 
IRCR High-Nb IRCR Low-Nb 
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(a) (b) 
  
(c) (d) 
Figure 6.38 KAM maps from regenerated austenite EBSD maps of specimens quenched right after last 
finishing pass of torsion tests. Color code shows misorientation in degrees. 
  
Conventional High-Nb Conventional Low-Nb 
IRCR High-Nb IRCR Low-Nb 
 131 
Austenite conditioning was also assessed on specimens quenched right after the last pass 
of finishing deformation in torsion tests. Austenite conditioning at this point is critical for the final 
transformation that occurs right after this point during accelerated cooling and coiling.  
KAM maps on Figure 6.38 show a considerably higher dislocation density on the IRCR 
processed specimens. This derives in more available nucleation sites for the final transformation. 
Hence one should expect a finer microstructure from the IRCR process than the conventional.  
To understand why the IRCR process, despite having less deformation under non-
recrystallization conditions, shows higher dislocation density one must look at the deformation 
schedule. Recalling Figure 5.2, the distribution of deformation can be observed. During finishing, 
the 67% deformation of the conventional process is distributed among the typical 7 finishing 
passes. Meanwhile, the 46% deformation of IRCR finishing is concentrated on two passes only, at 
a much lower temperature. Considering non-recrystallization conditions, the only phenomenon 
that can be responsible for such difference in KAM is recovery. 
Recovery is capable of rearrangement and annihilation of dislocations. Although more 
evident in pure metals, where dislocations travel more freely, recovery can considerably rearrange 
and decrease dislocation density[130]. Stored energy from deformation is the driving force for 
recovery and recrystallization, and temperature strongly influences dislocation mobility[60]. The 
high deformation passes in the IRCR are more likely to induce recovery. The re-arrangement of 
dislocations then derives in more visible local misorientation i.e. KAM. 
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6.3 Validation Experiments Results 
6.3.1 Austenite Conditioning 
Consistency was found between austenite conditioning of rolled specimens and torsion 
specimens. When analyzing the finished rolled specimens KAM maps, shown in Figure 6.39, the 
trend is like that of torsion KAM maps in Figure 6.38. The specimens that went through IRCR 
show the most kernel average misorientation. This is indication of a more deformed structure, with 
more readily available nucleation sites. 
The specimens quenched right after last rolling pass were mapped by EBSD with the same 
technique as previously deformed specimens. The martensitic OIM scans were used for re-
constructing austenitic OIM maps. KAM maps were extracted from the reconstructed austenite 
maps. In Figure 6.39 KAM calculations consider first nearest neighbors and maps misorientations 
from 0 to 5 degrees. 
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(a) (b) 
  
(c) (d) 
Figure 6.39 KAM maps from regenerated austenite EBSD maps of specimens quenched right after last 
finishing pass of rolling. 
  
Conventional High-Nb Conventional Low-Nb 
IRCR High-Nb IRCR Low-Nb 
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6.3.2 Transformation and Grain Refinement Results 
The final microstructures denoted similar average grain sizes in all four final conditions, 
the IRCR-processed steels had only 5-10% smaller grains. Transformation was slightly different, 
carbon-rich constituents, including MA, had more presence in CCR specimens.  MA, however, 
had more presence in the IRCR specimens. The size of MA was rather small, less than 1.5μm.  
Figure 6.41 shows SEM micrographs of the resulting microstructures. The following 
microstructural constituents can be observed: Polygonal ferrite (PF), acicular ferrite (AF), granular 
bainite (GB) and its associate Martensite-Austenite (MA).  
PF, formed at high temperatures, is not the best constituent for toughness. PF has relatively 
large size as compared to AF. PF presence increases the effective grain size. More undesirable is 
MA, this constituent is well known for its detrimental effect on toughness. MA formation starts 
with the formation of carbide-free bainite which leads to enrichment and stabilization of 
untransformed austenite. Later, this enriched austenite may form carbides and MA if cooling is 
not fast enough[32]. To avoid MA, faster cooling is necessary that avoids the formation of GB, 
preventing austenite from enriching in carbon and stabilizing. 
 MA was quantified from SEM micrographs; the average size was close to 1.4μm in all 
alloys. The area fractions were: 0.0033 in the CCR High-Nb steel; 0.0035 in the CCR Low-Nb 
steel; 0.0078 in the IRCR High-Nb steel and 0.0075 in the IRCR Low-Nb steel. 
 Further phase volume fraction analysis, by EBSD Image Quality (IQ), showed higher 
fractions of C-rich constituents in the CCR steels (see Table 6.5). These C-rich constituents were 
considered as MA plus carbides. 
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(a) (b) 
  
(c) (d) 
Figure 6.40. Optical micrographs of final microstructures revealed by Marshall’s etchant. 
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(c) (d) 
Figure 6.41 SEM micrograph of the final microstructures, obtained from ACC. 
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Table 6.5 Micro-constituents quantifications by EBSD – IQ analysis. 
Constituent CCR High-Nb CCR Low-Nb IRCR High-Nb IRCR Low-Nb 
Polygonal ferrite 55.39% 53.17% 60.91% 54.55% 
Non-polygonal ferrite 41.26% 44.34% 38.11% 44.55% 
C-rich constituents 3.35% 2.50% 0.98% 0.91% 
The EBSD-IQ analysis is based on similitude of the scanned points to the database 
definition of ferrite. The IQ is a numeric representation of band contrast in Kikuchi patterns. Band 
contrast is better when the crystal is not distorted, hence, high IQ values represent low strain or 
strain-free crystallites[131]. In the present analysis, low IQ was associated to phases other than 
ferrite, and interpreted according to the recommendations by Wu[131]. 
Figure 6.42 is a normalized frequency distribution of the IQ of every point in the EBSD 
scan of specimen CCR Low-Nb. By simulating a regression, the total distribution can be broken 
in smaller, normal population groups that can be interpreted as microstructural constituents. From 
these curves’ populations, the fractions of those constituents were obtained. 
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Figure 6.42 EBSD IQ analysis of CCR Low-Nb steel. 
6.3.3 Effective Grain Size 
Microstructural grain size resulted slightly smaller than effective grain size. 
Microstructural grain size was assessed through OM micrographs of Marshalls etched specimens, 
whereas effective grain size was obtained from EBSD scans. 
Effective grain size was assessed through EBSD by considering 15° misorientation 
boundaries, as suggested by the literature[42]. 15° misorientation boundaries are considered to 
limit UCP. Later, SEM micrographs of fractured Charpy specimens were used for comparison, by 
measuring the CFS.  In Figure 6.43 the microstructural grain size is compared to the effective grain 
size, based on grain boundary misorientation. 
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(a) (b) 
  
(c) (d) 
Figure 6.43. Grain size measurements from (a) GB with misorientation >15°; (b) Marshall’s etchant 
and OM; Grain size distribution of: (c) EBSD based measurements; (b) Marshall’s etching OM-based 
measurements. 
6.3.4 Precipitation in a Nb-Ti Steel Processed by IRCR 
Precipitation assessed in the final specimens shows a recollection of particles formed at 
different stages of the process. Undissolved precipitates from reheating, precipitates formed during 
roughing deformation, during transfer bar and during final cooling. SEM micrographs, and TEM 
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were used for assessing precipitation. Thin foils for determining precipitates type and coherency 
to the matrix, and C-replicas for quantification.  
Figure 6.44 (a) shows a similar average precipitate size for all four steels, the standard 
deviation speaks of a broad size distribution. Figure 6.44 (b) shows the precipitate volume 
fractions. The volume fractions are consistent with the MA volume fraction trend, which is 
opposite. This may mean that MA formation disrupted precipitate formation during coiling. These 
final volume fractions contrast with those of transfer bar, where the higher deformation of IRCR 
promoted a more numerous nucleation than CCR. These results show room for improvement, if 
the appropriate cooling is done to reduce MA precipitate volume fraction can increase. 
Consequently, yield strength and toughness can improve. 
  
(a) (b) 
Figure 6.44 Final precipitates: (a) size and volume fraction; (b) size distribution. 
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The progress of precipitate content throughout the process can be seen in micrographs on 
Figure 6.45 for the High-Nb CCR and for the Low-Nb steel IRCR. It can be noticed that the IRCR-
processed steel has copious precipitation happening after roughing, but not as much after the final 
transformation. 
  
 142 
  
(a) (d) 
  
(b) (e) 
  
(c) (f) 
Figure 6.45 Precipitation progress during hot processing: of CCR High-Nb (a) after reheating, (b) after 
roughing, (c) fully processed; and of IRCR Low-Nb (d) after reheating, (e) after roughing and (f) fully 
processed. 20 000X. 
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6.3.5 Texture Analysis Results 
Few fiber components related to toughness were detected in the validation specimens. 
Texture was obtained from the EBSD OIM scans of the validation samples. Special attention was 
paid to those fiber components that may affect toughness negatively or positively, as discussed in 
section 2.2.4. 
The most relevant texture fibers in steel can be observed by plotting the Orientation 
Distribution Function (ODF) at the Euler space, sectioned at 𝜑2 = 45°. In hot rolled products, the 
orientations along the RD and TD fibers shown in Figure 6.46 are common[47]. The critical 
components that have been negatively related to toughness in the literature are marked red, and 
the only component related to toughness improvements is marked green.  
 
 
Figure 6.46 Cross-section of Euler space showing relevant fibers and orientations[47]. 
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Only two components of α-fiber related to poor toughness were detected in the 
conventional process specimens. Component {100}<110> had a high value in the CCR High-Nb 
steel. Component {112}<110> in CCR Low-Nb steel had a slightly high value. In the IRCR High-
Nb steel, one component of ε-fiber related to poor toughness was slightly high, component 
{110}<100>. Component {332}<113> of ε-fiber related to positive toughness is high in CCR 
High-Nb steel. See Figure 6.47. No texture fiber components that may affect toughness were 
detected in the proposed IRCR Low-Nb steel.  
6.3.6 Mechanical Tests Results 
IRCR processed steel with Low-Nb complied to API X70 mechanical requirements. This 
demonstrates the scalability of the IRCR process. 
Hardness of the IRCR processed specimens was superior to that of CCR specimens. 
Microhardness Vickers was performed in an array through thickness, showing rather flat profiles 
for all four final conditions. Using 300g for 10s, the average HV300 hardness values are presented 
in Table 6.6. IRCR specimens are about 6% harder than CCR specimens. Hardness variability is, 
however, slightly higher for the IRCR processed specimens. Hardness values are consistent with 
the observed microstructure. 
IRCR processed steels showed higher strength than CCR. Tensile test results are consistent 
with microhardness results. Ultimate Tensile Strength (UTS) followed the same pattern as 
hardness, it was higher for IRCR and for High-Nb, as compared to their counterparts. The 0.2% 
offset Yield Stress (σy) did not show a clear trend regarding Nb content, but it was higher for the 
CCR processed steels. 
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(a) (b) 
  
(c) (d) 
Figure 6.47 ODF section at φ2=45°. Use previous Figure 6.46 as guide to navigate these maps. 
  
Conventional High-Nb 
IRCR High-Nb IRCR Low-Nb 
Conventional Low-Nb 
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Table 6.6 Microhardness and tensile test results from fully processed full thickness specimens. 
 HV300 
HV300 
SD 
σy  
(KSI) 
UTS 
(KSI) 
Elongation 
% 
CCR High-Nb 224 6.2 78727.71 93344 37.2% 
CCR Low-Nb 218 7.5 75250.64 89718 35.2% 
IRCR High-Nb 239 7.8 70536.29 95675 31.5% 
IRCR Low-Nb 231 11 75226.22 93336 31.4% 
The occurrence of secondary cracks, also known as splitting, was observed along the tensile 
axis on CCR specimen. This can be attributed to the inhomogeneity of the CCR material 
microstructure observed by OM and SEM. This slipping mode of fracture was not observed on the 
IRCR specimens as can be verified on Figure 6.48. 
 
  
(a) (b) 
Figure 6.48 Type of fracture observed during tensile tests. 
CCR High-Nb CCR Low-Nb 
Secondary 
cracks 
IRCR Low-Nb IRCR High-Nb 
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Impact toughness performance was best in the Low-Nb steels. Impact toughness was 
assessed by Charpy V-notch test. The results present on Figure 6.49 show the improved toughness 
when compared to the commercial (High-Nb) HTP steel labeled “HH”. Steels HH, AR and AC 
were presented in section 4.3. Steels AR and AC Nb content is comparable to our Low-Nb steel. 
 
Figure 6.49 Charpy V-notch impact test results. 
Low-Nb demonstrated better impact toughness than High-Nb steels. This is evident in 
absorbed energy, as well as % ductile area, as shown in Figure 6.50.  
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Fractography done on the Charpy specimens (Figure 6.51) revealed the fracture 
mechanisms at 0°F and -60°F. The ductile fracture from 0°F presented a mixed size of dimples 
ranging from 0.5μm to ~50μm. 
  
(a) (b) 
Figure 6.50 Comparison of impact toughness of High vs Low-Nb.  
A variety of initiating particle sizes might have caused the broad distribution of dimple 
size. Non-metallic inclusion particles were identified by EDS, inside the big dimples (Figure 6.52), 
such as: aluminum oxides, calcium oxides and manganese sulfides, ranging from 2-5μm in 
diameter. Meanwhile, inside the small dimples, silicon and chromium carbide particles were 
identified, ranging 150nm and below in size. 
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(a) (b) 
Figure 6.51 Fractography of ductile area from IRCR Low-Nb tested at: (a) 0°F; and (b) -60°F. 
 
Spectrum 
Label 
C O Al Si S Ca Ti Mn Fe 
20 11.58 36.64 29.4  0.5 2.82 0.49 0.93 17.64 
21 10.89 42.99 31.45 0.14 0.12 2.96 0.14 0.37 10.63 
22 13.75 31.29 24.19  0.93 2.01 0.28 1.68 25.88 
Figure 6.52 Non-metallic inclusions found in Low-Nb Steel dimples. 
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The brittle fracture occurred through cleavage. The characteristic feather-like facets can be 
observed in Figure 6.53.  
  
(a) (b) 
Figure 6.53 Fractography of brittle area from IRCR Low-Nb, tested at: (a) 0°F; and (b) -60°F. 
A small fraction of ductile fracture was observed among the brittle cleavage area. The facet 
size was measured for comparison to effective grain size measurements. No intragranular fracture 
was observed. 
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7.0  Conclusions and Future Work 
7.1 Conclusions 
Three studies were done on LP steel, that provided fundamental understanding of the 
evolution of the structural factors throughout the thermo-mechanical process, that control the final 
properties. Based on the results observed, the suggested novel approach IRCR to hot rolled HSLA 
linepipe steels provided several benefits. It allows the reduction of Nb content in the steel and has 
the potential to improve the productivity compared to the conventional CCR process. In addition, 
the following conclusions can be taken: 
1. 0.051wt% Nb was enough to produce homogeneous grain size at 1200°C austenitization 
temperature when using a 1h soaking time. 
2. The comparison of precipitates volume fraction calculated from empirical solubility 
products and based on measured precipitates did not match. These models do not consider 
the observed complexity of precipitate particles. 
3. Complex precipitates resistance to dissolution allowed grain size control at high 
temperatures despite the low Nb content. Evidence of solute drag was not found. Hence, 
precipitation was regarded as the main mechanism for grain size control. 
4. Reconstruction of austenite orientation maps based on martensite EBSD scans was 
effective for measuring PAGS and comparable to conventional methods. These 
reconstructions also helped show the conditioning of austenite, through KAM maps. 
5. The use of Misaka and Siciliano models for predicting MFS is reliable for these steels. 
This holds, even though Misaka’s model does not explicitly consider recrystallization 
effects. And despite the experimental data shows a more linear behavior with transitional 
slope at Tnr. 
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6. The temperature of no-recrystallization is sensitive to Nb content. In the present study, 
reducing Nb from 0.09wt% to 0.05wt% reduced Tnr by ~50°C from ~1025 to ~975°C. 
None of the models found in the literature could predict this temperature accurately. 
7. Precipitation of standalone NbC particles and epitaxial NbC on pre-existing TiN is 
responsible for inhibition of recrystallization at the transfer bar. Evidence from EPMA 
showed minimum segregation at GBs, indicating that solute drag is not the controlling 
force of recrystallization. Precipitates’ volume fraction, obtained experimentally, 
produced pinning forces one order of magnitude higher than recrystallization force. 
8. Austenite conditioning was assessed through Effective Nucleation Area and Kernel 
Average Misorientation maps. After roughing deformation, the effective nucleation area 
was higher for the IRCR process than the CCR, but the KAM were quite similar. 
Austenite conditioning was regarded as very similar during roughing deformation. 
Finishing simulations, in torsion and in full scale experiments, provided KAM maps that 
agree on a higher accumulation of strain produced by IRCR as compared to CCR. 
9. There is a big potential observed by the homogeneity obtained through IRCR processing. 
Other cooling rates must be tried, to reduce MA presence. 
10. The proposed Low-Nb steel can achieve the strength and toughness required by API X70 
specifications in 19mm thickness, if processed through IRCR. IRCR was successfully 
scaled-up to an industrial size experimental mill. Only half of the commercial Nb content 
was used and tensile properties exceeded specifications. Impact properties were superior 
than commercial HTP steel with twice as much Nb. 
From the three objectives, two were completely achieved and one partially. Objective 1 
was partially achieved, since the precipitation behavior of the IRCR process was optimized, 
however the microstructure has room for improvement. Especially the presence of MA constituent, 
which can be eliminated with a better cooling control. Objective 2 was achieved through IRCR 
process and the Low-Nb steel, which achieved homogeneity through thickness and competitive 
mechanical properties. Objective 3 was achieved, since the Low-Nb steel reduces alloy cost and 
showed improved impact toughness and competitive strength. 
The experimental results from the proposed Low-Nb steel processed by IRCR, agree with 
the hypothesis statement. However, many opportunities of future work were identified, that can 
significantly improve the final transformation results. 
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7.2 Future Work 
1. Further experiments may be done to determine the minimum soaking time for achieving 
equilibrium conditions of dissolution during reheating. 
2. Models for the kinetics of dissolution, that account for precipitate’s morphology effects, 
need to be developed for similar systems. The hypothesis of epitaxial precipitation 
followed by mutual interdiffusion should be tested. 
3. Experiments can be done to determine the role of GBCD of austenite, to precipitate 
dissolution and grain coarsening phenomena in these steels. These can utilize the austenite 
EBSD map reconstruction tool. 
4. Crystallographic changes such as formation of texture and changes in GBCD can be 
studied during deformation-recrystallization cycles. 
5. A study for determining the reason for higher KAM in IRCR as compared to CCR is 
required. The study should answer why a smaller reduction of thickness, 46%, of IRCR 
produces higher KAM than the 66% reduction of CCR. A possibility to consider is 
differences in recovery behavior. 
6. A study that combines IRCR with several cooling rates and finishing temperatures should 
be done to minimize MA content in IRCR processed steel. This study should look for a 
correlation between elimination of MA, precipitate enhancement and impact toughness 
improvement. 
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Appendix 
A.1 Mechanical Properties Charts 
A.1.1 Microhardness on validation specimens 
  
(a) (b) 
  
(c) (d) 
Figure 7.1 Microhardness profile HV300 from edge to center. 
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A.1.2 Tensile test 
 
Figure 7.2. Stress-strain plot of tensile tests of final, full thickness, specimens. 
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(a) (b) (c) 
Figure 7.3. Tensile test results comparison. 
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A.2 Other EBSD relevant charts 
A.2.1 Relevant observed Texture fiber components 
 
Figure 7.4 CCR High-Nb steel α-fiber 
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Figure 7.5 CCR Low-Nb α-fiber. 
 
Figure 7.6 IRCR High-Nb ε-fiber. 
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A.3 Additional Micrographs 
A.3.1 Relevant micrographs of precipitates 
  
(a) (d) 
  
(b) (e) 
  
(c) (f) 
Figure 7.7 Precipitation progress during hot processing: of CCR High-Nb (a) after reheating, (b) after 
roughing, (c) fully processed; and of IRCR Low-Nb (d) after reheating, (e) after roughing and (f) fully 
processed. 5000X. 
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